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Abstract 
This thesis is focused on a fundamental investigation of nanoparticle self-assembly in 
polymer liquids and on properties of the prepared polymer nanocomposites with controlled 
nanoparticle dispersion. Despite recent progress in understanding polymer nanocomposites, 
there are still unfilled gaps in the fundamental knowledge of relaxation phenomena and 
mechanical properties of various nanostructures that would provide key information for 
designing hierarchical or multidomain nanocomposites processable by additive 
manufacturing technologies. The emphasis was put on the investigation of the preparation 
protocol influence on the final dispersion state, preparation of various nanostructures – 
individually dispersed NPs, chain bound clusters, and contact aggregates at a constant 
composition, and determination of their relaxation and mechanical properties. Moreover, 
nanoparticles were utilized as “probes” in polymer matrix that affect the segmental ordering 
and the relaxation dynamics of polymer chains. This approach can help to derive the 
relationship between the nano scale segmental dynamics and macro scale mechanical 
properties of polymer glasses. It is a challenging fundamental scientific problem with an 
extreme technological importance. Non-grafted ceramic nanoparticles and polymer glasses 
were used to avoid the focus to deflect from the study of the nanoparticle–polymer 
interaction influence towards the influence of the graft–polymer interaction or the altered 
crystalline structure. A thorough investigation was performed for the PMMA/SiO2 model 
system and subsequently broadened to systems with different matrices (PC and PS) and 
nanoparticles (ZnO2 and Fe2O3) in order to generalize the obtained results. Nanostructure, 
volume fraction, and composition dependences of relaxation – glass transition temperature, 
reptation time, plateau modulus, number of entanglements, and mechanical properties – 
yield stress, yield drop, elastic modulus, strain hardening modulus, and creep response were 
determined. Achieved results were interpreted by means of the recent models. The 
determined relaxational and mechanical properties were connected to provide information 
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Abstrakt 
Tato dizertační práce je zaměřená na základní výzkum procesů samouspořádávání 
nanočástic v polymerních kapalinách a na vlastnosti připravených polymerních 
nanokompozitů s řízenou disperzí nanočástic. Navzdory současnému pokroku 
v porozumění polymerních nanokompozitech, stále chybí mnohé fundamentální znalosti 
relaxačních a mechanických vlastností polymerních nanostruktur, které by mohly 
poskytnout klíčové informace pro návrh hierarchických funkčních kompozitů 
zpracovatelných aditivními výrobními technikami. Hlavní důraz byl kladen na výzkum 
vlivu postupu přípravy nanokompozitu na finální stav disperze nanočástic, přípravu 
řízených nanostruktur – individuálně dispergované nanočástice, řetězci vázáné klastry a 
kontaktní agregáty - a určení jejich relaxačních a mechanických vlastností. Navíc byly 
nanočástice využity jako „sondy“ v polymerní matrici, které ovlivňují segmentální 
uspořádání a relaxační dynamiku polymerních řetězců a mohou poskytnout o těchto dějích 
zásadní informace. Tento přístup může pomoci nalezení vztahů mezi segmentální 
dynamikou na nano škále a mechanickými vlastnostmi polymerních skel na makro škále, 
což je náročný fundamentální problém s extrémní technologickou důležitostí. Neroubované 
keramické nanočástice a polymerní skla byly použity, aby se minimalizoval vliv silných 
interakcí mezi nanočásticemi a řetězci. Podrobný výzkum byl vykonán na modelovém 
systému PMMA/SiO2 a následně rozšířen na systémy s jinými matricemi (PC a PS) a jinými 
nanočásticemi (ZnO2 and Fe2O3) za účelem zobecnění obdržených výsledků. Byla určena 
závislost relaxačních a mechanických vlastností (teplota skelného přechodu, reptační čas, 
modul kaučukovitého plata, počet zapletenin, napětí na mezi kluzu, pokles napětí po mezi 
kluzu, elastický modul, modul deformačního zpevnění a odezvy při toku za studeny) na 
nanostruktuře, objemovém zlomku a složení. Získané výsledky byly interpretovány za 
použití současných modelů. Stanovené relaxační a mechanické vlastnosti byly propojeny, 
aby poskytli informace o molekulárních deformačních procesech řídících mechanickou 
odezvu makroskopických kompozitních těles. 
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1. General introduction into polymer nanocomposites 
Progress of human society is connected with new technologies, which are closely related to the 
level of sophistication of the available materials and manufacturing processes. To meet recent 
challenges, novel bottom-up material platforms must be developed capable of adding end-use 
specific functions to their ever-enhancing physico-chemical properties and environmental 
friendliness. Synthetic and natural polymers and composites are increasingly utilized as 
functional materials in fields ranging from aerospace to medicine. Nanocomposites, i.e., 
composite materials with one or more nano-structured components may open a path for new-
generation nano-devices. “Bottom-up” self-assembly approaches are limited only by size of the 
building block, if nanoparticles are used current design limits can be overcame. With aid of this 
approach, structures with tailored shape and internal structure can be prepared. Development of 
“bottom-up” fabrication platforms to generate 1-D, 2-D, and 3-D precisely ordered nanoparticle 
arrays may increase understanding of the physical properties of this new family of materials, 
develop structure-property function, and led to fabrication of next-generation nanoparticle-
based devices including memory storage devices, batteries, photonic crystals, plasmonic 
waveguides, optical lens, photovoltaics, and nanoelectronic circuits. The “bottom-up” self-
assembly approach taking the best of small molecules, nanoparticles and polymers is 
schematically shown in the Figure 11. 
 
Figure 1: Schematically illustrated bottom-up self-assembly approach taking the best of small 
molecules, nanoparticles, and polymer to create next-generation materials. Reproduced from1 
with permission of The Royal Society of Chemistry. 
As reported many times2-4, polymer nanocomposites can provide properties unachievable by 
traditional composites. Rigorous investigation of common natural materials2, 4-8 have shown 
that nature can create materials with advanced properties, for example simultaneous high 
stiffness and toughness or combined functionality and tailored mechanical properties. Nature 
can control self-assembly process to create hierarchical structures where original building 
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blocks – molecules or nanoparticles, are assembled into structures that are again used as 
building blocks during creating more complex structure on larger scales. Typical example of 
often studied natural system with extraordinary mechanical properties combining high stiffness 
and toughness is nacre4-6. Nacre consists of 95 vol. % of aragonite CaCO3 and 5 vol. % 
biopolymers. These components form organized structures – platelets with bridges at micro 
scale that are organized further into brick and mortar structure at meso scale. Structure of nacre 
is shown in Figure 2. Brick and mortar architecture have been imitated on some systems at 
micro and meso scale without first hierarchical level of bricks5, 9. It was found that brick and 
mortar architecture lead to highly torturous crack paths that dissipate a lot of energy, however 
only brick and mortar architecture is insufficient for the extremely high amount of 
experimentally measured energy dissipation in the case of nacre. It highlights importance of the 
first hierarchical level – chain bound clusters of primary nanoparticles. On the other hand, man-
made polymer nanocomposites contain usually from 0.1 to 20 vol. % of filler without 
hierarchical assembly. Higher filler volume fractions, typically more than 10 vol. %, in man-
made polymer nanocomposites lead to worsening of filler dispersion, creating contact 
aggregates with weak interparticle interactions, and finally to significant embrittlement.  
 
Figure 2: structure of nacre at various length scales and hierarchical levels. Reproduced from5 
with permission of The Royal Society of Chemistry. 
Current experimental approaches are meeting only challenge of preparation of simple 
nanocomposite systems. Partial progress was achieved in the case of self-assembly of grafted 
nanoparticles resulting in strings and sheets10-15. Another successful approach was utilizing of 
micro-phase separation of block copolymers filled with specifically grafted nanoparticles1, 12. 
However, enthalpy interactions between nanoparticles and polymer chains are suppressed in the 
systems with grafted nanoparticles. Therefore, majority of variables that can affect dispersion 
and properties vanishes and the whole physics is reduced to graft squeezing. Then, two variables 
control the final dispersion state – density and length of grafts. It significantly simplifies the 
situation, which can be helpful in achieving desired nanostructure, but, on the other hand, 
diversity of variables that can influence nanostructure formation is lost. 
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Constructing precisely defined system with desired structure features and properties is still far 
from being achieved. The way, how to reach such ability, lies in the fundamental knowledge of 
all governing variables and processes of nanoparticle organization in a matrix. Another 
challenge is a fundamental understanding of mechanical and relaxation response of 
nanostructured composites. For example origin of mechanical reinforcement of polymer 
nanocomposites is still not fully understood and there is a lack of suitable models concerning 
processes on nanoscale. Nanoparticle can alter chain dynamics and molecular packing of 
polymer matrix on various time and length scales. Fundamental knowledge of such effects for 




2. Theoretical part 
2.1 Nanoparticle organization in a polymer matrix 
A key to full utilization of the potential of polymer nanocomposites (PNCs) lies in the ability 
to control spatial organization of nanoparticles (NPs) in polymer matrix over multiple length 
scales. Despite the large volume of literature published on control of NP dispersion in polymer 
matricies16-49, no generally accepted model quantitatively describing all the aspects of NP 
organization in polymer liquids has been proposed. The state of NP spatial organization 
critically affects the PNC properties. Since any given property requires a specific NP 
organization, no single length scale NP spatial organization can optimize all macroscopic 
properties simultaneously.  
Nanoparticles can self-assemble into three limiting structures in polymer liquids. They can be 
organized into contact aggregates, chain bound clusters, or can be individually dispersed in 
polymer matrix. Particles in aggregates interact directly with each other by weak interparticle 
Van der Waals forces. Therefore, the whole aggregate seems like one big fragile particle. This 
reduces specific surface area that determines nanocomposite properties such as relaxation and 
mechanical response. Therefore, polymer nanocomposites with aggregates are undesirable. In 
the case of dispersion of individual nanoparticles in polymer matrix, maximum surface area can 
interact with surrounding chains and specific surface area equals to effective interface area. This 
is ideal state for a fundamental study, because interface area, on which interactions occur, is 
known, and also maximal possible amount of modified matrix is achieved in such system. 
Polymer nanocomposites with good dispersion of nanoparticles are characterized be 
significantly enhanced mechanical properties15-17. In the case of clusters, particles don’t interact 
directly with each other, but through chains between them. Clusters can be considered 
independent entities dispersed in a polymer matrix. Thereby hierarchical system with two levels 
is formed. 
Hooper and Schweizer50, 51 published detailed computational study focused on the potential of 
mean force between hard spherical particles dissolved in an absorbing polymer melt using 
microscopic polymer reference interaction site mode (PRISM) integral equation theory. The 
model considers all reasonable variables such as particle-to-monomer size ratio, strength and 
spatial range of polymer–particle attractions, direct Van der Waals particle–particle attraction, 
and degree of polymerization. At weak interfacial attraction, all systems undergo direct 
nanoparticle aggregation due to extremely large depletion attraction between the particles 
independently on another variables. The enthalpy gain of polymer segments adsorbing onto the 
particle surface leads to good dispersion of NPs as the strength of interfacial polymer–particle 
attractions increases. In general, all systems exhibits attractive potential minima at some 
threshold value of the strength of the polymer–particle interactions beyond which particles tend 
to localize at system-specific separations. For high values of the strength and spatial range of 
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polymer–particle interactions, bridging-type attractions emerges in top of the already 
established steric stabilization layer. The latter behavior is called a tele-bridging which is similar 
to bridging but bridges larger distance. Direct interparticle Van der Waals interactions favor 
contact aggregation and hence compete with the attractive polymer–particle interactions. As 
they increase in strength, bridging configurations are eventually destabilized and replaced with 
contact aggregation as the most favored state. However, noncontact bridging minima often 
survive as metastable local minima, which could be significantly populated for either 
equilibrium or kinetic reasons due to the presence of barriers. Steric stabilization systems are 
much less perturbed by direct Van der Waals attractions due to the thermodynamic stability of 
two distinct bound layers, which resist interpenetration or desorption. These detail 
considerations lead to prediction of four fundamental types of pair nanoparticle organization in 
the matrix: contact aggregation, steric stabilization, bridging and tele-bridging. The predicted 
categories of the behavior of hard spheres in the polymer matrix are shown in Figure 3. 
 
Figure 3: (A) Representative examples of the particle–particle potential of mean force for 
systems with particle diameter to monomer ratio of 16 and degree of polymerization of 100 
which exhibit the four different types of organization: (I) dashed line, contact aggregation for 
low strength and spatial range of polymer–particle attractions; (II) solid line, bridging for high 
strength and low spatial range of polymer–particle attractions; (III) steric stabilization for 
medium strength and high spatial range of polymer–particle attractions; and (IV) tele-bridging 
for high strength and spatial range of polymer–particle attractions. Schematics of favored 
particle configurations are indicated. Reprinted with permission from52. Copyright 2018 
American Chemical Society. (B) Schematic representation of generic polymer nanocomposite 
phase behavior. At low strength of polymer–particle attractions (units of kBT) traditional 
fluid + fluid phase separation occurs, while at medium strength of polymer–particle attractions 
values adsorption of polymer onto the nanoparticle provides a thin bound layer that results in 
steric stabilization and miscibility. For high interfacial energies the adsorbed monomers 
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associate with multiple nanoparticles, leading to a bridging-induced “network”-like phase. 
Reprinted with permission from53. Copyright 2018 American Chemical Society. 
The model was further exteded52-54 from two particle issue to many body study in real space to 
find influence of filler volume fraction. Phase behavior was investigated and phase diagrams 
with filler volume fraction and strength of polymer–particle interaction as main variables 
presented on axis were constructed for various cases of particle-to-monomer size ratios, spatial 
ranges of polymer–particle attractions, direct Van der Waals particle–particle interactions, and 
degrees of polymerization. The schematic example is shown in Figure 3. It was found that the 
structure of the model polymer nanocomposites reflects a balance between two very different 
competition effects. One limit is entopically dominated athermal system, where oscillatory 
depletion attractions favor contact particle aggregation. The other limit is an enthapically 
dominated mixture, where addition of strong attractive interactions between the filler and 
monomers results in thin layers of polymer strongly associating with, or adsorbing onto, the 
particles. The resulting particle–particle potential of mean force favors well-defined, small 
interparticle separations, i.e., local bridging. Between these two extremes, third behavior, in 
which a polymer gains enough cohesive interaction energy to associate with a single filler, but 
not enough to give up the additional entrophy required for association with multiple particles. 
In this case, a nanoparticle is surrounded by a thermodynamically stable bound polymer layer, 
typically on the order a few monomer diameter thick, which sterically stabilizes the particles in 
the polymer matrix. 
Another widely accepted study dealing with nanoparticle organization in polymer matrix was 
published by Mackay et al.19. Experimental approach in this study simplified complex situation 
of multiple parameters to just one, the particle radius to polymer gyration radius ratio. It should 
govern phase behavior, despite of PRISM theory described above that suggests just moderate 
dependence of nanoparticle dispersion state on the particle-to-polymer size ratio. Phase diagram 
suggesting that good dispersion is obtained when gyration radius is larger than particle radius 
was constructed based on the experimental data ant it is shown in Figure 4. In addition, authors 
suggest that dispersed nanoparticles swell the linear polymer chains, resulting in a polymer 
radius of gyration that grows with the nanoparticle volume fraction in non-expected manner 
with slope 1+vf that overcome expected excluded volume prediction (1+vf)
1/3, where vf is 
volume fraction (Figure 4). This behavior suggests significant conformation changes caused by 
presence of nanoparticles. 
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Figure 4: (A) The polymer radius of gyration (Rg) relative to that that without nanoparticles 
(Rg0) for three different molecular mass linear polystyrenes with 21, 63, and 155 kg·mol
-1, as 
function of volume fraction () of tightly cross-linked polystyrene nanoparticles with molar 
mass 52 kg·mol-1. The nanoparticles stretch the polymer chains. The solid line represent the 
radius of gyration variation if the polymer density does not change upon mixing, and the 
behavior (1+)1/3 is expected. Instead, the data obeyed 1+c with c about 1. From19. Reprinted 
with permission from AAAS. (B) A polymer radius of gyration–nanoparticle radius phase 
diagram, with the solid circles representing data where phase separation was detected and the 
open circles where miscibility occurs. Open circles with an × represent conditions where some 
agglomeration was detected by SANS yet large scale phase separation was not observed. 
Squares are the C60-polystyrene system; circles; the polystyrene nanoparticle-polystyrene 
system; and triangles, the dendritic polyethylene-polystyrene system. The dashed line represent 
the reptation tube radius, suggesting phase stability does not depend on entanglement structure. 
The nanoparticle fraction used to generate each data point was 2 wt. %. From19. Reprinted with 
permission from AAAS. 
While significant progress has recently been made in the development of theories for predicting 
the equilibrium structure of the PNCs, there is a strong need to address the effects of processing 
and kinetic traps on their structure development. The NP spatial organization in an amorphous 
polymer results from a complicated interplay between thermodynamically controlled NP 
organization in the liquid phase, mixing kinetics in the liquid nanocomposite and the kinetics 
of the liquid nanocomposite vitrification. However, one has to keep in mind that the equilibrium 
NP dispersion may be inaccessible unless the correct preparation protocol is adopted, even when 
the dispersed state is thermodynamically favorable. 
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Jouault et al.20, 21 prepared polymer nanocomposites with two different matrices, PMMA and 
PS. Silica NPs with three different radii were used. Surprisingly, NPs formed approximately 
the same aggregates in both cases independently on the composition (Figure 5). The NP–
polymer interactions were expected to be weak in PS system due to weak dipole-dipole 
interactions, whereas they were considered to be strong in PMMA system due to polar 
interactions and possible hydrogen bonding55, however no effect on the structure was found. 
The results suggested that preparation protocol, i.e. used solvent and shear forces intermediated 
by mixing, has key influence on final dispersion state. Therefore, Jouault et al.23 investigated 
the influence of casting solvent on the final spatial nanoparticle dispersion in polymer 
nanocomposite films. Polymer nanocomposites of bare nanosilica and poly(2-vinylpyridine) 
(P2VP), system with strong attractions, were prepared. It was found that the final dispersion 
can be tuned from well-dispersed regime due to polymer adsorption to an aggregated state 
induced by depletion attraction and weakening of electrostatic repulsion simply by changing 
the solvent used. When methyl ethyl ketone (MEK) was used as the solvent, adsorbed polymer 
layer was formed already in diluted state and persist into the dry state, which led to good 
dispersion of NPs. In the case of pyridine, P2VP does not adsorb onto nanosilica surface and 
contact aggregation was found. The size of adsorbed polymer layer was determined to be close 
to the radius of gyration of the polymer used, Rg. Zhao et al.
24 provide support for this results 
and suggested that in solvent casting process, the primary factor determining the formation of 
a bound polymer layer is the relative interaction strength between the particle-solvent, and 
particle-polymer. 
  
Figure 5: (A) PMMA and (B) PS filled with 5 and 6.6 vol. % of NPs, respectively, with same 
structure prepared at the same preparation protocol. Reprinted from20, Copyright 2018, with 
permission from Elsevier. Reprinted with permission from21. Copyright 2018 American 
Chemical Society. 
Kim and Zukoski27 investigated the role of solvent on polymer segment–particle surface 
interactions in controlling nanoparticle dispersions in concentrated polymer solutions. Systems 
containing poly(ethylene glycol) as the matrix and silica nanoparticles prepared form water or 
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ethanol at two temperatures and various filler loadings were investigated. The results of this 
study were interpreted in the framework of the pseudo-two-component polymer reference 
interaction site model (PRISM) theory modified to account for solvent addition via effective 
contact strength of interfacial attraction, pc, between polymer and particle surface. The results 
suggested that a complex interplay of solvent-solvent, solvent-polymer, solvent-particle, and 
polymer-particle interactions control the nanoparticle dispersion state. It was considered that 
the interfacial attraction strength represents the overall enthalpy gain of transferring a monomer 
unit from the continuous suspending phase to the particle surface during building of adsorbed 
polymer segment layer. Then, if the adsorbed monomer originates from a polymer–solvent 
mixture, the interfacial attraction strength losses from polymer-solvent, nanoparticle-solvent 
interaction and gain from solvent-solvent interactions. So, overall strength of the interactions 
between polymer segments and nanoparticle surface depends on above described interactions 
and on the volume ration of polymer in mixture. Based on these considerations and evaluation 
of the experimental results with aid of PRISM theory, dependence of the interfacial polymer-
particle attraction strength on the volume ration for systems prepared from two different 
solution at two temperatures was constructed (Figure 6). Moreover, two different structures 
were created at theta conditions from different solvents and at different temperatures.  It suggest 
only indirect influence of polymer-solvent interactions to the final NP dispersion. 
 
Figure 6: Dependence of the interfacial polymer-particle attraction strength on the polymer to 
polymer + solvent volume ratio for systems prepared from water and ethanol at 20 °C and 
60 °C. Reprinted with permission from27. Copyright 2018 American Chemical Society. 
Another strategy, how to tailor dispersion state, is nanoparticle surface modification17, 34, 36, 37, 
46, 49. Hashemi et al.17 controlled the interfacial interaction strength and spatial range by 
modifying nanoparticle surface. Nanosilica was grafted with tethers functionalized with 2-
ureido-4-pyrimidinone (UPy) units, which caused significant enhancement of interfacial 
attraction due to strong H-bonding between UPy unit and acrylate group of poly(methyl 
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methacrylate) (PMMA) used as matrix. Spatial range of the attraction was tuned by length of 
linker between nanoparticle and UPy unit. Two types of linker was used.  In the case of UPy 1 
system short alkane with 10 carbons was used as linker with final length of 2 nm. UPy 2 system 
consisted of poly(butyl acrylate) with 60 monomer units with final length of 12 nm. Bare 
nanosilica, UPy 1, and UPy 2 systems were mixed with matrix using solvent casting process. 
There different dispersion states were obtained in dependence on surface modification. System 
with bare silica nanoparticles showed mixture individually dispersed NPs and small aggregates 
contained few NPs. UPy 1 system included bridged clusters due to enhanced strength of the 
interfacial attraction on the short spatial range. UPy 2 system was characteristic by well 
dispersed state with sporadic presence of tele-bridged clusters due to significant strength of the 
polymer–particle attraction on the large spatial range. TEM images and correlation function of 
described systems are shown in Figure 7. The results of this study corresponds well with above 
described polymer reference interaction site model (PRISM) theory50-53. 
   
Figure 7: TEM images of polymer nanocomposites consist of silica nanoparticle as filler, 
PMMA as matrix with molecular weight of 193 kg·mol-1, and with various surface modification 
marked as Bare, UPy1, UPy 2, respectively. Corresponding correlation function of distances 
from center of particle mass is shown down right. Reprinted with permission from17. Copyright 
2018 American Chemical Society. 
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2.2 Nanoparticle–solvent interaction strength 
Drago et.al.56 proposed a semi-empirical model for calculating the interfacial interaction 
enthalpy in the donor–acceptor systems in the form of a four-parameter Equation 1: 
 −∆𝐻 = 𝐸𝐴𝐸𝐵 + 𝐶𝐴𝐶𝐵, (1) 
where the subscripts A and B, respectively, belong to acid and base, respectively. Empirically 
determined parameters E and C were originally interpreted as susceptibility to undergo 
electrostatic interaction and to form covalent bonds. In his work, Drago et.al.56 provided E and 
C parameters for many substances enabling prediction of over 1200 interaction enthalpies. 
Fowkes et.al.57-61 extended the original acid–base interaction concept to polymers. They 
determined E and C parameters for a group of polymers and silanol groups of silica surface61 
and successfully applied the concept to analyze polymer adsorption onto filler surface from a 
solution 58. It was found that a strong competition for acidic moieties on the filler surface exists 
between basic solvent and basic polymer while acidic solvent competes with the acidic filler 
surface for basic groups of the polymer. They also showed that acid-base interactions can 
govern dispersion of micro particles in polymer liquids57. The major limitation of their 
experimental results was small specific surface area of the fillers investigated making the 
observed effects relatively small. 
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2.3 Properties of polymer nanocomposites 
Addition of nanoparticles with large specific surface area to polymer matrix leads to 
amplification of a number of molecular processes resulting from interactions between nanofiller 
surface and polymer chains. It results in significant changes of relaxation and mechanical 
response. Ability of nanoparticles to assemble into extended structures can bring extraordinary 
effects. Properties of polymer nanocomposites cannot be described by the common 
micromechanics models. Therefore, it is necessary to develop new approach to describe this 
class of materials connecting discrete nano scale molecular dynamics and micro scale 
continuum mechanics16. Schematic visualization of composite response through various length 
scales is shown in Figure 8. 
 
Figure 8: Schematic visualization of composite response through various length scales. 
Reprinted from16, Copyright 2018 with permission from Elsevier. 
 2.3.1 Relaxation properties 
Zidek et al.62, 63 developed the model of random spatial packing of rigid spheres and found that 
inter-particle distance of randomly packed spheres equals to their diameter at ≈2.6 vol. %, 
Figure 9.  At the filler volume fraction of 0.026, the inter-particle distance of particles with 
diameter of 1 µm equals 1 µm. This distance is much larger than the polymer radius of gyration 
(Rg). As a result, only negligible volume of macromolecules interacts with the filler surface, 
while majority remains unaffected in the bulk. On the other hand, inter-particle distance of 
particles with diameter of 10 nm equals to the polymer radius of gyration. Hence, almost all 
macromolecules are affected by the rigid particle surface. Therefore, specific surface area and 
strength of particle–chain interaction have to be considered in the microstructural interpretation 
of properties of polymer nanocomposite. Relative size of polymer coil against Rg is 
schematically shown in Figure 9. 
19 
 
Figure 9: (A) Dependence of the ration of inter-particle distance to particle diameter on filler 
volume fraction calculated from the model for 1000 monodisperse spherical particles for 
randomly packed spheres (gray curve) and for cubic lattice packing (red curve) and (B) 
schematic representation of the size ratio of micro- and nanoparticles to chains. Reprinted 
from16, Copyright 2018 with permission from Elsevier. 
A three phase model considering nanoparticles, bulk matrix also “interface modified matrix” 
was developed16, 64-67. Volume and properties of the surface modified matrix depend on the 
specific interface area (i.e. filler loading and dispersion state) and strength of interactions, which 
are determined by chemical composition of polymer chains and functional groups on the surface 
of particles. Another variable not considered so far is the rigidity of the polymer chain. NP–
polymer system with attractive interactions can form immobilized layer of chains around NPs 
with different molecular packing and dynamics from original matrix. The nanoparticle with the 
repulsive interactions can form layer of chains with enhanced mobility and chain packing 
differing from the bulk matrix. These assumptions suggest that besides particles and matrix, 
immobilized segment layer and frustrated packing layer exist in polymer nanocomposites. 





Figure 10: Simplified schema of single nanoparticle shown in black, immobilized segmental 
layer of thickness t in yellow and frustrated packing layer of thickness of approximately Rg in 
blue embedded in a glassy matrix shown in black textured background. Two nanoparticle 
situation showing possible structural polarization in the frustrated packing layer and schematic 
illustration of the position of segments with different distance from the nanoparticle on the 
potential energy landscape. In part adopted from68 by permission of Nature, Copyright 2018. 
Immobilization/repulsion of polymer segments and presence of frustrated polymer layer is 
reflected upon relaxation properties by changing molecular packing and dynamics. Influence of 
the nanoparticles on macroscopic properties is more significant near the glass transition, where 
interactions between polymer segments and nanoparticles surface have greater impact on 
polymer dynamics than on segments with “frozen” dynamics deeply in glassy state. 
Vitrification occurs when relaxation time of molecular motions responsible for rearrangement 
of characteristic segments become longer than the experimental time frame. Local segmental 
motion freezes during the glass transition without any significant change of the structure of the 
glass forming liquid. Significant impact of nanoparticles on glass transition temperature was 
reported in literature16, 20, 25, 31, 37, 65, 69-72. The reason for nanoparticles altering vitrification is the 
immobilization/repulsion of polymer segments by nanoparticles. Different changes of glass 
transition temperature reported69 for similar systems are caused by insufficient knowledge of 
all parameters influencing dynamics and molecular packing of polymer nanocomposites 
investigated. 
It was suggested by molecular modeling73 that nanoparticles should considerably affect 
primitive path of the surrounding chains. Increase of disentanglement time has not only origin 
in the increase of the primitive path contour length, where NPs act as sterical obstacles, but also 
because the chains must reptate through several domains of slower dynamics near the surface 
of the particles. This impact on reptation dynamic was significantly intensified by deformation. 
Figure 11 A and B shows impact of nanoparticle presence in polymer matrix on primitive paths 
in unstrained and deformed system, respectively. It suggests that large-deformation properties, 
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for example post-yield or creep behavior, should be more affected than variables measured at 
small deformations. 
 
Figure 11: primitive path simulations in vicinity of NP of (A) unstrained and (B) strained 
system. Reprinted from73 with the permission of AIP Publishing. 
Transferring the knowledge to multi NP systems, Jouault et al.20-22 investigated relaxation 
behavior of polymer nanocomposites to elucidate reinforcement origins in polymer 
nanocomposites. PMMA and PS were used as matrices and silica nanoparticles with three 
different radii were used as the nanofiller. Transition between isolated NP aggregates and 
interconnected NP network – percolation - was found at percolation threshold ≈ 10 vol. %. In 
the percolated regime, stronger reinforcement was found for the system with smaller particles, 
Figure 12A. Significant change of rheological behavior was found in both investigated systems, 
Figure 12B and C. Deviation of experimental data from the continuum mechanics volume 
replacement Guth-Smallwood model74-76 was found Figure 12D. This suggests that there has to 
be an additional active reinforcing mechanism. The model that assume a presence of a physical 
network formed by chains interacting with more than one NP – the bridging chains  77-79 was 
considered as another possible reinforcing mechanism, schematically shown in Figure 13A. 
Assumption of bridging chains lead to significant amount of chains with highly retarded 
conformations – bridging chains would be extremely stretched. No evidences of such chains 
were obtained in the SANS study. Finally, it was found that chain immobilization can explain 
experimental data due to formation of immobilized layer around each nanoparticle that causes 
alternation of surrounding segmental packing and dynamics. 
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Figure 12: (A) Dependence of relative composite modulus on volume fraction of PMMA/SiO2 
nanocomposites with various NP diameter – Nissan-St (12 nm) and Ludox Tm-40 (28 nm). (B) 
Storage modulus master curve from oscillatory shear experiments of PS/SiO2 PNCs with 
various volume fractions of NPs. (C) Storage modulus master curve from oscillatory shear 
experiments of PMMA/SiO2 PNCs with various volume fractions of NPs. (D) Comparison of 
relative plateau moduli of PNCs with various composition, molecular weight, and nanoparticle 
diameter with theoretical volume replacement prediction of Guth-Smallwood. Reprinted with 
permission from21. Copyright 2018 American Chemical Society. 
Stronger effect of NPs on the properties of the PS compared to the PMMA nanocomposites was 
in contrary with expectations made based on the interfacial attraction strength (Figure 12B, C, 
and D). The interactions were expected to be weak in the PS due to weak dipole-dipole 
interactions whereas they were considered to be strong in the PMMA due to a possible hydrogen 
bond formation. Possible explanation has its origin in the type of interfacial interaction. 
Tannenbaum and Ciprari et al.80, 81 suggested that there are two possible scenarios for adsorption 
of polymer on a rigid attractive particle, Figure 13B. Weakly binding polymer prefers formation 
of short trains and long loops with long effective length, in which most of the segments reside 
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out of surface. Strongly binding polymer forms long trains and short loops with short effective 
length, in which most of the segments reside on the surface. Although, strongly binding chain 
adsorb strongly, surrounding chains are less affected due to small effective length. So in 
contrary with expectations, system with weaker interactions can have stronger change of 
properties due to the loops that can affect higher amount of surrounded chains. Based on this 
hypothesis, another variable, adsorption mode or effective length should be considered in 
interpretation of composition dependences of polymer nanocomposite properties. 
 
Figure 13: (A) Schematic representation of the molecular scale structure of the bridging chain 
model. Reprinted from77 with permission from Elsevier. (B) Schematic representation of 
nanoparticle-polymer composite. (a) The various components in a nanoparticle-polymer 
composite. (b) A detailed schematic view of the adsorption characteristics on the surface of a 
nanoparticle of a weakly binding polymer, in which most of the segments reside in loops. (c) A 
detailed schematic view of adsorption characteristic on the surface of a nanoparticle of a 
strongly binding polymer, in which most of the segments reside on the surface. Reprinted with 
permission from80. Copyright 2018 American Chemical Society. 
There are several ways how to estimate thickness of the adsorbed polymer layer.  It was shown 
that the thickness depends on used experimental technique82 and on the assumption that the 
layer thickness is uniform First method is based on the extraction of the non-adsorbed polymer. 
Amount of the adsorbed polymer is subsequently determined by thermogravimetric analysis21, 
82. This method leads usually to underestimated values due to the severe extraction process. 
Second method is focused on the behavior of PNC in the dissolved state. Dynamic light 
scattering is utilized to determine NP hydrodynamic radius with and without presence of 
polymer in solution. Adsorbed polymer layer thickness is then calculated from the difference 
between these values23, 24. Third method is based on quantitative analysis of transmission 
electron microscopy images and simulation of correlation functions of NP dispersion in polymer 
matrix82. Fourth technique focuses on rheological behavior of PNC melt. Super Einstein 
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coefficient is determined by fitting volume fraction dependence of relative zero shear rate 
viscosity and subsequently utilized for calculation of effective hydrodynamic NP radius83, 84. 
Adsorbed polymer layer thickness is calculated from difference between determined effective 
hydrodynamic NP radius and real NP radius determined for example from image analysis. 
Small-angle neutron scattering85 and small-angle X-ray scattering86 were also utilized to 
measure scattering patterns of PNC. Adsorbed polymer layer thickness was determined by the 
core-shell model fitting of scattering patterns using the both methods. 
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 2.3.2 Mechanical properties 
Jancar and Recman87 have shown that reducing the size of particles from micro- to nano-range, 
i.e., increasing the specific interface area, which is capable to interact with ambient matrix, 
leads to a pronounced enhancement of stiffness. It was found that this enhancement deviates 
positively from the classical continuum mechanics model (Figure 14). It suggests that there 
must exist another segmental scale reinforcement mechanism in addition to the volume 
replacement and stress transfer mechanisms. Strength of the segmental scale mechanism is 
related to the specific interface area and its contribution becomes dominating after reaching 
certain critical value of the particle surface area. 
 
Figure 14: Dependence of the matrix modulus 𝑀𝑚
∗ = 𝐸𝑐/𝑓(𝑣𝑓), on the logarithm of the specific 
interface area, Sf, (A) above Tg reduced to the Guth model and (B) below Tg reduced to the 
Kerner-Nielsen model. Reprinted from87 Copyright 2018 with permission from Elsevier. 
Jancar et al.88, 89 published comprehensive studies on small and large strain mechanical response 
of SiO2 microparticle (MP) and nanoparticle (NP) filled PMMA. Rigid particles were used as 
probes that alter local chain packing and dynamics. Effect of MPs and NPs on the elastic moduli, 
yield, strain softening, and strain hardening response for samples prepared with different 
thermal histories and deformed at range of strain rates and temperatures was investigated. It 
was found that MP-sized filler with small specific interface area did not disturb segmental 
packing and mobility in a significant volume of PMMA. Effect of MPs on the elastic modulus, 
yield stresses, and strain hardening modulus can be described by a simple volume replacement 
models. However, NPs modified the packing and dynamics on the segmental scale with 
behavior indescribable by any classical continuum model. Significant enhancement of elastic 
modulus was found in the NP-filled system, Figure 15A. The enhancement was less pronounced 
at Tg – 80 K deeply in the glassy state. The values of elastic modulus of NP-filled system at 
filler loading 5 vol. % corresponded to the values of elastic modulus of MP-filled system at 
filler loading 15 vol. %. PNC elastic modulus increased sharply with filler loading at Tg – 20 K 
resulting in the values at 5 vol. % unachievable by microcomposite up to 30 vol. %. Similar 
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results were found for strain hardening modulus behavior, Figure 15B. Kinetic analysis of both 
upper and lower yields, and strain hardening modulus showed that activation energies increase 
with specific interface area. These results led to consideration that attractive SiO2–PMMA 
interactions increased the energy required to activate the segmental rearrangements associated 
with plastic flow and strain hardening. Moreover, the results pointed out that the effect of rigid 
particles is more pronounced for the  process involving the entire backbone chain compared 
to the  process presumably involving only few segments. Described results confirm the idea 
of immobilization as origin of reinforcement mechanism of PNCs. 
 
Figure 15: (A) Dependence of relative elastic modulus of SiO2 NP and MP filled PMMA PNCs 
on filler volume fraction, vf, at Tg – 80 K (blue) and Tg – 20 K (red). (B) Plot of relative strain 
hardening modulus of SiO2 NP and MP filled PMMA PNCs as the function of filler volume 
fraction, vf, at Tg – 80 K (blue) and Tg – 20 K (red) for different thermal histories – Q refer to 
quenched and A to annealed samples. Reprinted with permission from88. Copyright 2018 
American Chemical Society. 
Dorigato et.al90 reported on mechanical properties of silica filled amorphous poly(lactic acid) 
(PLA) nanocomposites. Influence of the effective surface area, surface treatment, and volume 
fraction of nanofiller on tensile quasi-static, impact, and creep behavior was investigated. Slight 
increase of elastic modulus was found with increasing surface area of nanosilica at constant 
volume fraction with negligible influence of surface treatment. Elastic modulus increased with 
volume fraction more pronounced for bare hydrophilic nanosilica than hydrophobic nanosilica 
treated by octansilane (Figure 16A) due to better chain adsorption onto bare silica NPs. Yield 
stress enhancement was found for all investigated systems (Figure 16B). It suggested good 
filler–polymer interactions91-95. Increase of the yield stress with filler volume fraction was found 
at small volume fractions of approximately 0.01-0.02, followed by the stagnation at certain 
stress in the range of intermediate volume fractions between approximately 0.02-0.08, ended 
by yield stress decrease at higher loading for both untreated and treated NPs. Plateau on the 
composition dependence of the yield stress was explained by a gradual NP aggregation that 
reduced the effective interface area. Critical defects caused by extensive aggregation were 
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probably responsible for the observed sharp decrease of the yield stress and embrittlement 
above vf = 0.1. Interestingly, strain at break increased in the case of PNC with organosilane 
treated NP (Figure 16C). Usually, increase of the yield stress caused by adding hard filler is 
connected to the decrease of ductility. This type of behavior was found for the PNC with 
untreated NPs (Figure 16C). Increase of yield stress and elongation at break of the PNCs with 
treated NPs was reflected upon increase of its specific tensile energy at break. It was 
hypothesized, that the surface treatment of NPs could have possible lubricating effect on the 
matrix. Other explanation could rest on the way, the treated NPs are spatially organized. It was 
found that organosilane treated NPs were organized into approximately 100 nm elements 
(Figure 16D). It could be chain bound clusters that have internal structure of interacting chains 
and particles. Then, whole system would gain one more hierarchical level. Hierarchical nature 
of the PNC with organosilane treated NPs could explain simultaneous improvement of stiffness, 
strength, and toughness. Fracture toughness was investigated under impact tensile conditions 
on the PNC with organosilane modified NPs. Significant increase of fracture toughness of the 
PNC with modified NPs was found compared to neat PLA with a maximum occurring at 6 and 
8 vol. %. Significant improvement of creep resistance was found for investigated PNCs due to 
restriction of chain motion introduced by surface of NPs. 
 
Figure 16: (A) Dependence of elastic modulus, (B) yield stress, and (C) elongation at break on 
volume fraction of PLA filled by fumed nanosilica with (squares) nontreated and (dots) 
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organotreated NPs. (D) SEM picture of organotreated NPs spatial organization in PLA/SiO2 
PNC with loading of 2 vol. %. Reprinted form90 by permission of Springer Nature. 
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3. Goals of Thesis 
The main goal of the Thesis is to determine relationships between thermodynamic parameters 
governing nanoparticle self-assembly in polymer matrix and kinetic parameters of various 
preparation protocols and the spatial organization of NPs. Further, the research under the Thesis 
aims at elucidating relationships between the NP spatial organization and the relaxation and 
thermo-mechanical properties of model PNCs. Specifically, methods enabling to prepare PNCs 
with controlled NPs spatial organization – individually dispersed, chain bound clusters, and 
contact aggregates are targeted. Dynamic mechanical properties of polymer nanocomposites 
with controlled nanostructures are investigated and multi length scale structural features are 
visualized utilizing SEM, TEM, and SAXS techniques. Attempt is made to link the measured 
relaxation and mechanical properties to elucidate molecular processes underpinning 
deformation response of polymer glasses and their nanocomposites. 
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4. Experimental part 
In principle, there are three ways how to prepare a polymer nanocomposite: from melt, from 
solution, and by in situ polymerization. In general, it is hard to obtain good dispersion in the 
case of preparation protocol, where nanoparticle powder is added to a polymer melt. 
Nanoparticles are aggregated in a powder, and it is almost impossible to disperse them to 
individual particles, even when strong shear forces are expected in the melt state during mixing. 
Another route to PNCs is to polymerize monomer in which nanoparticles are dispersed. Good 
dispersion of nanoparticles is achievable by this technique. However, it is hard to govern 
polymerization without monomer–particle interactions, then undefined commonly “cross-
linked” systems are formed. Also, significant amount of residual monomer usually remains in 
such composites. It is common, that PNCs prepared by this technique loose further 
processability. Main advantage of preparation protocol from solution is the ability to mix diluted 
nanoparticles and polymer on the molecular level. This technique brings multiple 
thermodynamic and kinetic variables which can be used to govern dispersion process yielding 
various nanostructures. Therefore, solvent blending technique was used in this study. 
4.1 Materials 
Used polymers and their physical parameters are listed in Table 1. PMMA with lower number 
average molecular weight, Mn, PC, and PS were of commercial grade – Plexiglas 8N, Makrolon 
2407C, and Krasten 154, respectively. PMMA with greater Mn, and both PVAc were purchased 
from Sigma Aldrich. Glassy matrices were chosen in order to avoid influence of crystallization 
on the spatial organization of nanoparticles96, 97 and the final properties96-99.  












PMMA 100 2,1 113 190 1,19 
PMMA 500 N/A 106 190 1,19 
PVAc 500 2,2 47 80 1,19 
PC 50 2,2 143 260 1,22 
PS 200 3,6 88 190 1,05 
 
The commercial grade PMMA Plexiglas 8N (Evonik, Germany), according to NMR analysis 
provided by the supplier, exhibited  5–7 % of isotactic sequences, 50–52 % of syndiotactic and 
41–52 % of atactic sequences, all apparently randomly distributed along each chain. Tacticity 
of the other polymers used is not known, however, from the experimentally determined Tg, 
PMMA with 500 kg/mol differ in tacticity from the PMMA with 100 kg/mol. According to 
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Flory-Fox equation100, 101 glass transition temperature should increase with increasing 
molecular weight, Equation 2: 
 𝑇𝑔 = 𝑇𝑔,∞ −
𝐾
𝑀𝑛
 , (2) 
where the Tg is glass transition temperature, Tg∞ is glass transition temperature at infinity 
molecular weight, K is empirical parameter, and Mn is number-averaged molecular weight. 
Glass transition temperature of PMMA can vary from approximately 60 to 140 °C because of 
tacticity102, 103. Glass transition temperature of isotactic PMMA is approximately 60 °C and of 
syndiotactic approximately 140 °C. Therefore, it is considered that used PMMA with 
500 kg/mol has greater content of isotactic sequences compared to the PMMA with 100 kg/mol. 
Only spherical nanoparticles were used to avoid effects of additional structural variables such 
as aspect ratio and orientation. Nanofillers used are listed in the Table 2. Colloidal bare silica 
nanoparticles dispersed in isopropanol with particle diameter of 20 ± 4 nm was supplied by 
Nissan Chemicals under commercial name IPA-ST. Advantage of this nanosilica grade is that 
particles are stabilized in colloidal solution without additional substances. Then, only short 
ultrasonication without another treatment is necessary to ensure presence of individual 
nanoparticles. Good dispersion of individual nanoparticles before use is critical because adding 
aggregated nanoparticles into polymer solution will obscure interpretation of experiments. 
Pyrolytic nanosilica from Sigma Aldrich with primary particles with diameter of 7 nm was also 
used. Due to the preparation process, pyrolytic silica usually contains primary particles sintered 
into bigger objects. Approximately 70 nm chains of sintered nanoparticles considered as 
primary elements were prepared by rigorous ultrasonication of pyrolytic nanosilica in a solvent. 
Additionally, zinc oxide nanoparticles doped with 2 wt. % aluminium oxide nanoparticles 
(AZO) with diameter of approximately 15 nm were purchased from US Research 
Nanomaterials. Magnetite nanoparticles also from US Research Nanomaterials with diameter 
of approximately 15-20 nm were also used. Dispergation of magnetite nanoparticles in a solvent 
was quite problematic due to strong interparticle attractive forces. Also, relatively high density 
of magnetite and AZO particles made their dispersion more complicated and the resulting 
dispersions exhibited reduced stability. 
Table 2: physical properties of used nanoparticles. 
Nanoparticles Physical form Diameter (nm) Density (g.cm3) 
Colloidal silica colloidal solution 20 2,2 
Fumed silica powder 7 (70) 2,2 
AZO particles powder 15 5,6 
Fe2O3 particles powder 15-20 5,2 
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Acetone (p.a. grade, 99.98 %), toluene (p.a. grade, 99.24 %), tetrahydrofurane (p.a. grade, 99.8 
%), ethyl acetate (p.a. grade, 99.7 %), 1.4-dioxane (p.a. grade, 99 %), and dichlormethane (p.a. 
grade, 99.5 %) were purchased from Lachner (Czech Republic). 
4.2 Methods 
Nanofillers were ultrasonicated in a solvent employing an ultrasonic tip (Bandelin Sonopuls, 
SRN). Firstly, resonance frequency was found and then ultrasonication was performed. 
Ultrasonication was divided into ton of 0.1 s and toff of 2.5 s time intervals with overall time of 
5 minutes. Subsequently, solution of nanoparticles was added to a polymer solution with 
concentration of 66.7 mg of a polymer per one milliliter of a solvent (about 5.3 vol. %) which 
corresponds to semi-dilute region. Nanoparticle loading of final composites was 0.1, 0.5, 1, 2.5, 
5, 7.5, and 10 vol. %. Various solvents were used: acetone, acetone-toluene 1:1 mixture 
(volumetric ratio), toluene, ethyl acetate, tetrahydrofurane, and dichlormethane. Dissolved 
PNCs were rigorously mixed at 1200 RPM using a magnetic stirrer for 1 hour. Then, PNC 
mixture was cast onto a flat sheet, dried at 140 °C for PMMA, 150 °C for PC and PS, and 80 °C 
for PVAc for 12 hours at atmospheric pressure. Dried PNCs were mechanically grinded using 
IKA A11 basic analytic mill (|IKA, GE). Powdered PNCs were dried for 6 days in a vacuum 
oven to ensure removal of solvent residues. Drying efficiency was checked utilizing 
thermogravimetric analysis. Dried samples were compression molded at 190 °C for PMMA and 
PS, 260 °C for PC, and 80 °C for PVAc and at 300 kN into 1 and/or 0.5 mm thick sheets by 
means of the LabEcon 300 Press. (Fontijne, NL). The samples were cooled down under pressure 
to the laboratory temperature at a cooling rate of approximately 30 K·min-1. Specimens with 
the desired geometry were cut from these sheets. 
Radius of gyration, Rg, of matrices investigated was determined in the respective solvents used 
in this study. Rg was measured employing DynaPro NanoStar dynamic light scattering device 
(WYATT, USA) using concentration of 10 mg·ml-1. Viscosities of polymer solutions at various 
temperatures were obtained utilizing Ares-G2 rheometer (TA Instruments, USA) using 
concentric cylinder geometry. 
Morphology of the PNCs was determined by means of the transmission electron microscopy 
(TEM) and ultra-small-angle X-ray scattering (USAXS). TEM (FEI, CZ) provides a direct view 
of silica spatial arrangement in polymer matrix. Ultratomed slides of PNCs with constant 
thickness of approximately 50 nm were prepared (Leica Microsystems, GE). TEM observations 
were performed using Morgagni 268D 100 kV transmission electron microscope (FEI, CZ), 
STEM MIRA3 (TESCAN, CZ) and STEM Verios 460L (FEI, CZ). TEM snapshots were 
analyzed with the help of image analysis software – size of elements and interparticle distances 
were determined. USAXS provides the average shape and internal structure information of 
nanoparticles arrangement in the polymer matrix. USAXS was performed using X-ray 
diffractometer Smartlab (Rigaku, JPN) with copper rotating anode, 2 × 220 germanium 
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monochromator and 2 × 220 germanium USAXS analyzer. USAXS patterns were analyzed by 
means of the Guinier and Porod laws. 
Oscillatory shear small deformation tests and dynamic mechanical analysis (DMA) were carried 
out to provide thermomechanical properties of prepared polymer nanocomposites. Shear test 
corresponding to low deformation levels (0.5 %) were performed in the dynamic mode under 
the strain controlled conditions with the plate-plate geometry employing ARES G2 rheometer 
(TA Instruments, USA). Thermal environment equipped with an air oven ensures a temperature 
control within 0.1 °C. Weak axial force was used in order to gently compensate gap position 
with respect to thermal expansion and retraction occurred during a test. Frequency sweeps from 
0.01 to 20 Hz in a temperature ramp 10 °C were performed for the temperature ranging from 
200 to 150 °C. Dynamic mechanical analysis was carried out using DMA RSA G2 (TA 
Instruments, USA). Measurements were performed in linear viscoelastic regime at deformation 
amplitude of 0.05 %, and frequency of 1 Hz. DMA analysis was used to characterize relaxation 
behavior in the transition regime and to determine glass transition temperature. 
Mechanical properties were measured utilizing Zwick Roell Z010 (Zwick-Roel, CH). 
Mechanical measurements were conducted using dog-bone shaped specimens in tension and 
cylindrical specimens were utilized for compression tests at true strain – true stress conditions. 
The experiments were carried for strain rates ranging from 10-5 to 10-1 s-1 at various 




5. Results and discussion 
5.1 Controlling nanoparticle spatial organization in polymer matrix 
The control of NP spatial organization in polymer matrix is a prerequisite for transforming 
PNCs from scientifically interesting materials to technologically viable engineering materials.  
By varying the solvent strength, different nanoparticle (NP) organizations were prepared in the 
model PMMA/colloidal SiO2 PNC. Mixture of individually dispersed NPs and contact 
aggregates were identified for tetrahydrofuran (THF) (Figure 17), individually dispersed NPs 
for acetone and ethyl acetate (Figure 18 and 19), chain bound clusters for acetone–toluene 1:1 
mixture (Figure 20), and contact aggregates for toluene (Figure 21), respectively.  TEM results 
were confirmed by USAXS analysis (Figure22). The size of individual NPs, clusters, and 
aggregates determined by imager analyses and by fitting of USAXS data is shown in Figure 23. 
   
   
Figure 17: TEM images of THF series PMMA/colloidal SiO2 PNC with loadings of 0.5, 1, 
2.5, and 5 vol. %, respectively. 
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Figure 18: TEM images of acetone series PMMA/colloidal SiO2 PNC with loadings 0.5, 1, 2.5, 
5, 7.5, and 10 vol. % for A, B, C, D, E, and F, respectively. 
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Figure 19: TEM images of ethyl aceteta series PMMA/colloidal SiO2 PNC with loadings of 1 










   
   
   
Figure 20: TEM images of acetone-toluene 1:1 mixture series PMMA/colloidal SiO2 PNC with 




Figure 21: TEM images of toluene series PMMA/colloidal SiO2 PNC with loadings 1, 5, and 
10 vol. % for A, B, and C, respectively. 
 
Figure 22: USAXS dependence of intensity, I, on length of scattering vector, q, of PNCs with 
various nanostructures with 1 vol. % of NPs. 
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Individual NPs dispersion in the PMMA/1 vol. % colloidal SiO2 prepared from acetone 
(Figure 18B) was verified by the USAXS analysis. Flat low q region and smoothly decreasing 
intermediate q region of USAXS pattern confirmed the TEM results (Figure 22).  The 
interparticle distance in the PMMA/1 vol. % colloidal SiO2 prepared from acetone (Figure 18B) 
and ethyl acetate (Figure 19A) was determined by image analysis to be approximately 
33 and 40 nm (Figure 24), respectively. Note that the determined interparticle distances tends 
to be undervaluated because of the 3D reality projected into a 2D TEM image of approximately 
50 nm thick ultramicrotome slides. The results showed that the dispersion of isolated NPs in 
the PNCs prepared from acetone is only achieved at low filler loadings of 0.5 and 1 vol. % 
(Figure 18A, B) while above 2.5 vol.%, silica NPs tend to aggregate (Figure 18C, D, E, F). It is 
probably a consequence of shortened interparticle distance which promoted the short range Van 
der Waals interaction always acting against good dispersion. The aggregate size was relatively 
small (about 26–34 nm) and grew gradually with filler content, Figure 23. Dispersion of 
individual NPs in PNCs prepared from ethyl acetate were also attained only below 1 vol. % 
(Figure 19A). In the ethyl acetate prepared PNCs, the TEM micrographs suggest (Figure 19B), 
that NPs begun to form clusters with diameter of approximately 32 nm (Figure 23) above 
1 vol. %. 
Chain bound clusters (Figure 20) were formed in the PMMA using the 1:1 acetone-toluene 
solvent mixture. Three populations of cluster sizes were found with few individually dispersed 
NPs. The smallest clusters contained 2 to 3 NPs (the least frequent occurrence), the intermediate 
clusters contained 5 to 9 NPs, and the large clusters consisted of 16 to 26 particles (the most 
frequent occurrence). Theoretical models104 suggest gradual increase of cluster size with time 
assuming that individual particles form small clusters consisting of two to three nanoparticles 
and once formed, these elementary clusters connect building up larger clusters. The USAXS 
results showed complex behavior in low and intermediate q regions (Figure 22), indicating the 
presence of two scattering populations which confirms that the PNC contained inclusions with 
an internal structure consisting of clusters with size of approximately 45 nm and their primary 
building blocks with the diameter of 20 nm. Clusters were observed in all samples of acetone-
toluene series and the cluster size of approximately 43 nm was preserved throughout the whole 
concentration range investigated Figure 23. Good agreement was found between the TEM 
image analysis and the USAXS data for both acetone and acetone-toluene series. NPs in chain 
bound clusters are closely packed into bundles – clusters where the NP-NP contact is mediated 
through the adsorbed polymer chains50-54. These so-called bridging chains77-79, which interact 
with multiple NPs at once, differ from the chains at the NP–bulk matrix interface as they are 
tightly confined between several NPs and their dynamics is greatly retarded. Clusters behave as 
independent entities or elements dispersed in a polymer matrix and could be considered as a 
hierarchical structure with a two-level hierarchy – NPs and clusters. 
Finally, preparing the PNC utilizing THF (Figure 17) or toluene (Figure 21) resulted in the 
presence of contact NP aggregates with the average size of approximately 400 and 500 nm, 
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respectively. The USAXS pattern of PMMA/1 vol. % colloidal SiO2 prepared in toluene also 
showed the presence of big and small populations of multi NP agglomerates with size larger 
than 100 nm. However, aggregates in THF and toluene PNCs have different origin. Aggregates 
in PNCs prepared from THF are formed due to depletion attraction arising from high affinity 
between silica NPs and THF molecules. Aggregates in PNCs prepared from toluene have their 
origin in low interaction strength between toluene and silica NPs leading to separation of NPs. 
Mixture of individually dispersed NPs and contact aggregates was found for all NP volume 
fractions investigated in PNCs prepared from THF as shown in Figure 17. Both populations of 
aggregates presented in PNCs of toluene series grew with increasing silica content.  
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Figure 23: Dependence of element diameter on volume fraction of 50 kg/mol PMMA/colloidal 
SiO2 PNCs prepared from acetone, acetone-toluene, ethyl acetate, and THF, respectively. 
Interelement distance (Figure 24) was determined as the most frequently occurring value, which 
was established from the maximum of the distribution function of the 5 nearest neighbors of 
each element. NPs, clusters, and aggregates were considered as independent elements. The 
internal structure of clusters was neglected for the purpose of the calculations. Dependence of 
interelement distance and interelement distance divided by element diameter on volume fraction 
is shown in Figure 24. A fair agreement between the experimental results and theoretical study 
of random distribution of monodisperse spheres62, 63 was found.  A deviation from the model 
was found at low and high volume fractions, especially in the case of PNCs prepared from 
acetone. Significant underestimation of interparticle distance at small volume fractions could 
be caused by evaluation of 2D projection of 3D situation as already mentioned above. By closer 
inspection of TEM pictures, it is possible to find particle rich and particle poor areas throughout 
the specimens of acetone PNC series. Interelement distance is calculated from the distribution 
function of 5 nearest neighbors which can lead then to slight underestimation of interelement 
distance at small concentrations. It could be a fingerprint of complex morphogenetic processes 
occuring during solvent evaporation. Another deviation from the theoretical model was found 
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at high concentrations, where the determined values had larger interelement distance than 
predicted. The van der Waals interactions are more pronounced at such small distances. Another 
important variable is the ratio of the radius of gyration to the interelement distance. Radius of 
gyration of the PMMA used is approximately 5 nm. Interparticle distance should reach 10 nm 
at filler volume content of approximately 6.5 vol. % at idealized NP diameter of 20 nm. Smaller 
interparticle distance would lead to significant distortion of the chain conformation. Therefore 
system prevents this undesired state by aggregation. 
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Figure 24: Dependence of (A) interelement distance and (B) interelement distance reduced to 
element diameter on volume fraction of acetone, acetone-toluene, ethyl acetate, and THF PNC 
series, respectively. 
Taking into consideration experimental results discussed above, we propose a general approach 
to analyze structural variables affecting stable NP dispersion in glass forming polymer liquids. 
For silica NPs in the PMMA solution, the interfacial interactions are dominated by the acid–
base interactions between acidic silanol groups on the silica surface and the basic groups of the 
PMMA and the solvent57-61. Interaction enthalpies were calculated using Equation 1 from the E 
and C constants reported in the literature56, 61. Values for the toluene were taken as a mean 
average of benzene and xylene, since the data for toluene was not available. This uncertainty 
has no significant effect on the interpretation of experimental data due to the close E and C 
values for benzene and xylene, both being significantly smaller than the E and C for acetone. 
The E and C for the 1:1 acetone-toluene mixture were obtained by averaging the values for 
acetone and toluene. 
The calculated donor–acceptor interaction enthalpies of for prepared model PNCs are shown in 
the Figure 25A. The highest value of the negative interaction enthalpy, -ΔH = 8.9 kcal·mol-1, 
in this study is found between the THF and silanol groups on the silica surface, which is 
significantly stronger than the attraction between PMMA and silica (-ΔH = 4.0 kcal·mol-1). In 
combination with the large excess of solvent in the mixture, it suggests that the adsorption onto 
silica is dominated by the THF molecules and a strong solvation shell is formed around NPs, 
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which, in turn, repels the polymer chains from the vicinity of NPs and causes NP aggregation 
due to depletion attraction. 


































Figure 25: (A) Bar diagram of donor-acceptor enthalpies of adducts of silanol groups of SiO2 
nanoparticles with PMMA and various solvents. (B) Volume fraction dependence of silica–
solvent interaction enthalpy phase diagram of PMMA/SiO2 PNCs. 
The interaction enthalpies of silica-acetone (-ΔH = 6.8 kcal·mol-1) and ethyl-acetate-silica (-ΔH 
= 6.1 kcal·mol-1) are smaller than the THF-silica, but still stronger that of the silica-PMMA 
couple. Since the solvent molecules are the favorably adsorbed onto silica, the stabilization of 
the experimentally observed dispersion of individual NPs is likely caused by the solvation effect 
in addition to the previously suggested23 repulsion of adsorbed polymer layer induced by 
polymer-NP attraction . Unlike in the previous studies using extremely slow solvent removal23, 
the dispersion of isolated NPs obtained in our experiments is maintained through relatively fast 
solvent removal upon the PNC solidification. Viscosity of the liquid PNC progressively 
increases significantly slowing down the NP diffusion and, thus, reducing their ability to 
aggregate. This explains the previously reported experimental results19 claiming that the fast 
solvent evaporation often leads to improved NP dispersion. 
The strength of attraction between the 1:1 acetone-toluene mixture and silica (-ΔH = 5.1 
kcal·mol-1) prevented the contact aggregation. However, it was not sufficient to stabilize the 
dispersion of individual NPs. Since the PMMA-silica attraction is only slightly weaker than that 
between silica and mixed solvent, the PMMA chains may locally replace the solvent and adsorb 
onto the NP surface. This competition between the polymer and solvent adsorption is proposed 
as the mechanism by which the chain bound NP clusters are formed. 
The low enthalpy of attraction between toluene and silica (-ΔH = 3.3 kcal·mol-1) is reflected by 
the inability of the solvent to stabilize the dispersed NPs leading to contact aggregation. The 
strength of attraction between PMMA and silica (-ΔH = 4.0 kcal·mol-1)  is greater than that for 
the toluene-silica interaction, which suggests that polymer adsorption onto the NP surface takes 
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place as a competitive process to contact aggregation, as manifested by the presence of two 
populations of NP ensembles. 
The dependence of the NP–solvent acid–base interaction enthalpy on the filler volume fraction 
was used to construct phase diagram of the PMMA/SiO2 PNCs investigated (Figure 25). Only 
a narrow window was found of conditions suitable for spatial organization of individually 
dispersed NPs for the medium strong NP–solvent attraction enthalpy at relatively low NP 
volume content (≈ 1 vol. %). Strengthening the NPs-solvent attraction led to aggregation caused 
by the depletion attraction. Slight lowering of the interaction enthalpy led to chain bound 
clusters in the entire range of the filler volume fractions investigated. Further decrease of the 
interaction enthalpy led to aggregation caused by insufficient solvation of NPs by the solvent. 
The surface of elements in PNC (total interfacial area) and specific surface area were calculated 
from the TEM image analyses data considering NPs, clusters, and aggregates as independent 
elements. Both surfaces are compared with values calculated for idealized NP diameter of 20 
nm (Figure 26). Significant deviation from the idealized values was found. The observed trends 
reflect the peculiarities described above. Only acetone and ethyl acetate prepared PNC 
containing 0.5 and 1 vol. % of NPs almost approach the idealized values, respectively. Systems 
with higher NP content of the same PNCs tend to gradually decrease their specific surface and 
deviate from the idealized surface area of the real elements. Clusters observed for the acetone-
toluene prepared PNCs exhibit constant specific surface area of roughly 65 m2/g. The specific 
interface area of clusters was always smaller that in acetone and/or ethyl acetate prepared PNCs 
and never approached the idealized values. It is important to mention that internal structure of 
clusters and the surface morphology of nanoparticles were not taken into account in the 
calculations. These calculations were not performed for the THF and toluene prepared PNCs 
because of their complex character. 
 
Figure 26: Dependence of specific surface and surface of elements in PNC on volume fraction 
of 50 kg/mol PMMA/colloidal SiO2 acetone, acetone-toluene, and ethyl acetate PNC series, 
respectively. 
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Influence of molecular weight and tacticity was investigated by comparison of two PMMAs 
with molecular weight, Mw, of 100 and 500 Kg/mol. Colloidal nanosilica was used as nanofiller. 
As mentioned in experimental part, used 500 Kg/PMMA had different tacticity with greater 
isotactic content. Improvement of dispersion is expected with increasing molecular weight 
because longer polymer chains with adsorbed segments are more effective at pushing particle 
apart51. TEM pictures of 1, 2.5, and 5 vol. % 500 kg/mol PMMA/colloidal SiO2 are shown in 
Figure 27. 
    
 
Figure 27: TEM images of 500 kg/mol PMMA/colloidal SiO2 prepared from acetone with 
loadings of 1, 2.5, and 5 vol. %, respectively. 
Dispersion of individual NPs was found for both molecular weights of PMMA matrices at 
volume fraction of 1 vol. % of colloidal nanosilica. Increase of molecular weight of the PMMA 
matrix led to improvement of dispersion of individual NPs at 2.5 vol. %. PNCs with lower 
molecular weight matrix showed gradual aggregation from 2.5 vol. % loading. Image analysis 
of 5 vol. % PNC with higher molecular weight revealed that NPs organize into bigger structures 
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with average diameter of 26 nm, Figure 28A. Interelement distance of PNCs with higher 
molecular weight matrix was significantly larger than for PNCs with matrix of lower molecular 
weight, Figure 28B. It means that NPs distribution and dispersion state is much more 
homogeneous in the case of higher molecular weight. It seems that increase of molecular weight 
leads to broadening of good dispersion of individual NPs and leads to transformation from 
aggregation to clustering at higher filler content due to enhanced polymer–mediated repulsion 
between particles51. Although results interpretation fits well with the theoretical PRISM 
model51, it is important to keep in mind that the PMMA tacticity varied significantly with 
molecular weight. It was reported that isotactic PMMA interacts with silanol groups stronger 
than syndiotactic or atactic PMMA because iso-PMMA undergoes more interfacial 
conformational changes than the other isomers which allows more functional groups to be 
involved in the interfacial interactions with silica surface105, 106. 
 
Figure 28: Comparison of (A) NP diameter and (B) interelement distance of PMMA/colloidal 
SiO2 PNCs with different molecular weights. 
PMMA/colloidal SiO2 system, extensively described in the previous chapters, was taken as a 
model system. Other PNCs were compared with this model system. PMMA acts as a Lewis 
base due to the ester side groups. Silica acts as a Lewis acid due to the silanol groups onto its 
surface. Therefore, it was assumed that a good dispersion or chain bridging should occur due to 
the possible NP-PMMA polar interactions and hydrogen bonding55.  
Fumed nanosilica has also silanol groups on its surface but with structural character different 
from the colloidal nanosilica. Fumed silica is formed at elevated temperatures, therefore 
primary particles are usually fumed together into bigger particles with a string-like shape and 
high specific surface area. Therefore, 70 nm secondary particles were found in the acetone 
prepared PNCs containing fumed nanosilica instead of the dispersion of individual primary 
particles with diameter of 14 nm found in the case of colloidal nanosilica, Figure 29A and 
Figure 18B, respectively. Smaller objects were assumed impossible to obtain without breaking 
the fused strings of primary NPs which would require large imput energy and harsh conditions. 
At 1 vol. %, fumed silica formed in the PMMS matrix 3D strings in the PMMA matrix in the 
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case of PNC prepared from acetone-toluene rather than separated clusters, Figure 29B and 
Figure 20B. This behavior can be utilized for lowering the percolation threshold to obtain 
enhanced mechanical properties at very low NP content. 
    
Figure 29: TEM images of 1 vol. % PMMA/fumed SiO2 PNC prepared from acetone (A) and 
acetone-toluene (B), respectively. 
A difference was found between the NP spatial organization of AZO nanoparticles and colloidal 
silica NPs for the same solvent used. Worsening of the dispersion state of AZO NPs (Figure 
D30) compared to the colloidal SiO2 NPs (Figure 18B and 20B) was observed. This effect was 
attributed to the different character of the ZnO surface chemistry and stronger particle–particle 
interactions. ZnO has amphoteric character107, therefore, it can act as both Lewis acid or base. 
Hence, weaker polymer–particle interactions compared to SiO2 NPs were assumed. Also, 
stronger Van der Waals interactions between the AZO NPs were expected. NPs in 
PMMA/1 vol. % AZO PNC prepared from acetone formed pairs and trios (Figure D30A). 
Formation of pairs and trios is expected as the early stage of aggregation104. NPs were self-
assembled into larger organizations in the PNCs prepared from acetone–toluene solvent mixture 
(Figure D30B). Several hundred nanometers large objects were created when toluene was used 
as the solvent (Figure D30C). The dispersion state was worsened as basicity of used solvent 
decreased. Acid-base attraction enthalpy could not be calculated because E and C parameters 
of AZO particles were not known. 
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Figure 30: TEM images of 1 vol. % PMMA/AZO PNCs prepared from acetone (A), acetone-
toluene 1:1 mixture (B), and toluene (C), respectively. 
The Fe2O3 nanoparticles were also used in the PMMA matrix. The PMMA/Fe2O3 PNC 
containing 0.5 vol. % of NPs was prepared using acetone as a solvent. NPs spatial organization 
is shown in the Figure D31. Several hundred nanometers large aggregates were observed. Use 
of SiO2 led to individually dispersed NPs for the same matrix and preparation conditions. 
Similarly to AZO, the Fe2O3 is amphoteric, therefore, it can act as both Lewis acid or base
60, 
108. The acidic character of the surface Fe-OH functional groups of hematite is weaker than the 
Si-OH groups of silica60, 108. Moreover, it is assumed that the attractive van der Waals particle–
particle interactions of the Fe2O3 are stronger than those for the SiO2. 
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Figure 31: TEM image of 0.5 vol. % PMMA/Fe2O3 PNC prepared from acetone. 
PC can act as a Lewis base due to its carbonate groups in the backbone. Since silica acts as a 
Lewis acid due to the silanol groups onto its surface, attractive NP–polymer interactions are 
expected. PC/1 vol. % colloidal SiO2 PNCs was prepared from dichloromethane (DCM) and 
tetrahydrofuran (THF). Dichloromethane is a Lewis acid and tetrahydrofuran is Lewis base with 
high donor–acceptor interaction enthalpy (8.9 kcal·mol-1) to acid silanol groups of nanosilica. 
Contact aggregates with a diameter of approximately 200 nm were found in PC/1 vol. % 
colloidal SiO2 PNC prepared from DCM (Figure 32A). A mixture of small aggregates with 
average diameter of 62 nm and individual NPs was found for PC/1 vol. % colloidal SiO2 PNC 
prepared from THF (Figure 32B). The dispersion state of this nanocomposite had very similar 
NPs spatial organization like the PMMA/1 vol. % colloidal SiO2 PNC prepared from the same 
solvent (Figure 17B). We believe that both NP spatial organizations have their origin in the 
depletion attraction caused by the very strong donor-acceptor enthalpy between the silica and 
THF. Similar NP spatial organization of PC/1 vol. % colloidal SiO2 PNC prepared from DCM 
(Figure D32A) and PMMA/1 vol. % colloidal SiO2 from toluene (Figure 21A) have their origin 
in the insufficient solvation of silica nanoparticles by the used solvent, leading to an extensive 
aggregation of NPs. The results strongly support the hypothesis put forward above, stressing 
out the key role of the solvent–particle interactions for the final equilibrium dispersion state. 
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Figure D32: TEM images of 1 vol. % PC/colloidal SiO2 PNC prepared from (A) DCM and (B) 
THF, respectively. 
PS has no polar heteroatoms and; therefore, only weak dipole–dipole interactions between the 
polymer and SiO2 are expected. PS/1 vol. % colloidal SiO2 PNC was prepared from THF. TEM 
image of the 1 vol. % PS/colloidal SiO2 PNC sample is shown in Figure 33. Micrometer sized 
aggregates were created probably due to a massive depletion attraction. It seems that the PS is 
more prone to the depletion attraction than PMMA, PC, and PVAc due to weak NP-polymer 
interaction strength. 
 
Figure 33: TEM image of 1 vol. % PS/colloidal SiO2 PNC prepared from THF. 
PVAc acts as a Lewis base due to its ester groups. Therefore, attractive interactions with the 
acidic surface of SiO2 were assumed. PVAc/colloidal SiO2 PNCs containing 1 and 5 vol. % of 
NPs were prepared from acetone. Individual particles and 4-10 particle clusters were found in 
the PVAc containing 1 vol. % of NPs, Figure D34A while clustered NPs were found in the 
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PVAc/5 vol. % colloidal SiO2, Figure 34B. Both diameter of elements and interelement length 
were found to be greater for the PVAc based PNCs compared to the PMMA PNCs (Figure 
D35). The reason was gradual NP clustering in the PVAc/colloidal SiO2 PNCs. The difference 
between NPs spatial organization in PMMA and PVAc could be caused by the different 
preparation protocol. Acetone was removed from PVAc at 80 °C instead of 140 °C as in the 
case of PMMA because of the different Tg andthe degradation of PVAc matrix observed near 
140 °C.  
    
Figure 34: TEM images of 1 (A) and 5 (B) vol. % PVAc/colloidal SiO2 PNCs, respectively. 
 
Figure 35: Comparison of (A) diameter and (B) interelement length of PMMA and PVAc filled 
by colloidal SiO2 NPs. 
In order to quantitatively analyze the state of NP dispersion in polymer liquids, Mackay et al19 
proposed a hypothesis suggesting the decisive role of the ratio between the NP radius (R) and 
the polymer radius of gyration (Rg). To test this hypothesis, coil diameter was plotted against 
NP diameter (D). Because it is assumed that final structure originates from NP–polymer–
solvent system, coil diameter varies in different solvents. Therefore, the coil diameters of the 
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matrices investigated were determined employing DLS in various solvents (Table 3). The 
solvent specific coil diameters were utilized further in this chapter. 










10.5 11.4 10.8 13.7 14.8  
500 kg/mol 
PMMA 
32.6      
PVAc 26.6      
PC    12.8  4.6 
PS    19   
 
According to the Mackay et al19 hypothesis, the R larger than Rg should result in a poor NP 
dispersion and, the NP aggregation should occur. This prediction fundamentally contradicts our 
experimental observations. Dependence of polymer coil on NP diameter of the PNC systems 
prepared from various solvents is shown in Figure 36. Considering Mackay model for our 
systems, individually dispersed NPs should only occur for 500 kg/mol PMMA and 
PVAc/colloidal SiO2 PNCs. In contrary to the predictions, these systems tend to form chain 
bound clusters. Dispersion state of PC/colloidal SiO2 and 100 kg/mol PMMA/SiO2 and AZO 
systems can be tailored from contact aggregates to individually dispersed NPs by control of 
preparation conditions as was comprehensively described in previous chapters. Only 
PMMA/Fe2O3 and PS/colloidal SiO2 fulfilled Mackay prediction, but it is believed that the 
origin of aggregation in these systems is linked to weaker polymer–particle interaction, stronger 
particle–particle interactions, and extensive depletion attraction are expected in PMMA/Fe2O3 
and PS/colloidal SiO2 PNCs, respectively. The results suggest that the problem requires to take 
into consideration additional variables than just the size ratio. It seems necessary to consider 
the enthalpies of interaction between all the components. However, needless to say, that 
Mackay, et al.19 investigated PNCs consisting of fullerenes in polyolefin or tightly cross-linked 
polystyrene nanoparticles in linear polystyrene with almost “no specific interfacial 
interactions”. In these specific cases, the proposed hypothesis can be valid, however, it not 
generally applicable. Moreover, the ability to tune the structure while keeping a constant 
composition provides a direct evidence that not only polymer-particle and particle-particle 
interaction, but rather a complex interplay of solvent-solvent, solvent-polymer, solvent-particle, 
polymer-particle, and particle-particle interactions controls the equilibrium nanoparticle 
dispersion state in polymer liquids.  
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Figure 36: Dependence of polymer coil diameter on NP diameter. Colors designate various 
composition. Solvents from which were the PNCs prepared and in which coil diameters were 
measured are marked by various symbols: acetone (full symbol), acetone-toluene 1:1 mixture 
(half right symbol), toluene (open symbol), THF (+ center symbol), ethyl acetate (x center 
symbol), and DCM (half down symbol). 
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5.2 Relaxation properties   
Relaxation properties were measured in order to provide information about chain dynamics and 
molecular packing in the presence of NPs with varying spatial organization. Presence of 
nanoparticles can significantly alter chain motion especially in glass transition, plateau, and 
terminal regions. Dynamical mechanical analysis (DMA) and rheological measurements were 
employed to investigate PNC behavior in these temperature regions. 
Temperature dependences of the storage modulus, loss modulus, and tan() are shown in 
Figure 37 for the 100 kg/mol PMMA. Glass transition temperature, Tg, was determined from 
the maximum of the loss modulus. The results are listed in Table 4. 
 
Figure 37: Dependence of storage modulus, loss modulus, and tan() on temperature of 100 
kg/mol PMMA matrix. 
Small amplitude oscillation shear tests were performed to investigate relaxation behavior in the 
rubbery plateau and terminal zone regions. Master curves of storage modulus, loss modulus and 
tan() were constructed over a wide range of frequency utilizing time-temperature 
superposition109-111 of frequency sweep data measured at various temperatures. The master 
curves of 100 kg/mol PMMA are shown in Figure 38A. Reptation time was determined as 
reciprocal value of frequency in the crossover of storage and loss modulus in the terminal 
zone112. Plateau modulus was determined as the storage modulus at minimum of tan  




𝑁 , (3) 
where Me is molecular weight between entanglements, R is universal gas constant, T is 
temperature, and  is density. The number of entanglements per one chain was calculated as a 
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ratio of number average molecular weight of polymer and molecular weight between 
entanglements (Table 4). 
Steady state shear measurements were performed in order to investigate flow behavior close to 
the processing conditions and use zero shear rate viscosity for further investigation of the NP–
polymer interactions. The dependence of the viscosity on shear rate of 100 kg/mol PMMA is 









where  is viscosity,  zero shear rate viscosity, ∞ infinity shear rate viscosity, ?̇? shear rate, 
k consistency and h the power law index. The zero shear rate viscosities of investigated matrices 
are listed in Table 4. 
 
Figure 38: (A) Dependence of storage modulus, loss modulus and tan() master curves on 
frequency and (B) shear rate dependence of viscosity of neat 100 kg/mol PMMA matrix. 
The observed increase of the Tg and the reptation time with increasing molecular weight of the 
PMMA were expected. Unexpectedly, significant decrease of plateau modulus was found due 
to different tacticity. Molecular weight between entanglements calculated from plateau modulus 
increased from approximately 8 kg/mol for 100 kg/mol PMMA to 51 kg/mol for 500 kg/mol 
PMMA. Molecular weight between entanglements of atactic PMMA was reported to be 
approximately 13 kg/mol 118-120. Increase of the molecular weight between entanglements was 
reflected upon decrease of the number of entanglements per one chain that should be 5 times 
greater for 500 kg/mol PMMA than 100 kg/mol PMMA. This discrepancy was caused by 
different tacticity of the investigated PMMAs. It is assumed that 500 kg/mol PMMA has 
significantly higher content of isotactic sequences. 
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Table 4: Glass transition temperature, Tg, reptation time, rept, plateau modulus, 
𝐺0














100 kg/mol PMMA 112.1 3.4 0.58 6.2 0.25 
500 kg/mol PMMA 122.2 34.7 0.09 4.9  
PS 93.9     
 
Relaxational properties of PMMA/SiO2, exhibiting three different NP spatial organizations: (i) 
dispersion of individual nanoparticles, (ii) chain bound clusters, and (iii) contact aggregates, 
were investigated.  
Although, there is not a generally accepted theory of glass transition phenomena121-126, the glass 
transition temperature can still be very useful material parameter restricting the applicability of 
the PNCs. Glass transition temperatures of PNCs with various NP spatial organizations are 
listed in Table 5. The dependence of the difference between the glass transition temperature of 
PNCs and the neat PMMA, Tg, on volume fraction for various dispersion states is shown in 
Figure 39A. Increase of Tg was found for all the PNCs investigated. Attractive PMMA-SiO2 
interactions were expected due to the hydrogen bonding between ester groups of PMMA and 
surface silanol groups of silica55. The greatest increase of Tg was recorded for PNCs with 
individually dispersed NPs. The greatest increase of Tg was recorded for PNCs with individually 
dispersed NPs. The NP content dependence of ΔTg exhibits an initial rapid increase compared 
to the neat PMMA followed by a weak growth at higher concentrations which suggests that the 
dynamics of almost all polymer chains was already frustrated at the loading as low as 0.5 vol. %. 
The additional increase of Tg would then be caused by the increasing volume of the 
immobilized segmental layers onto NP surface. Hamieh et.al127 found that Tg increase for 
syndiotactic PMMA induced by silica equals approximately to 5 °C, which supports the 
hypothesis suggested. Clustered system showed a gradual rise of Tg with increasing NP volume 
fraction. The lowest Tg was found in PNCs with aggregated. The results fall onto one curve 
when related to the specific interface area (Figure 39B) or reciprocal value of interelement 
distance (Figure 39C). NP organization independent increase of Tg with the surface of elements 
in PNC and the reciprocal value of interelement distance suggests slower dynamics in vicinity 
of NPs caused by immobilization. Apparently, these two structural variables are more 
appropriate for interpretation of Tg changes than the volume fraction alone. This approach could 
shed more light onto the discrepancy found in literature dealing with the volume fraction 
dependence of Tg of PNCs
16, 34, 69, 70.  
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Figure 39: dependence of Tg on (A) volume fraction, (B) surface area of elements in PNC, and 
(C) reciprocal value of interelement distance of various PNCs. 
The melt rheology of a glassy polymer in the range of its typical processing temperature is 
greatly altered by the presence of NPs determining the PNC processability and practical 
applicability and brings the rheological evaluation into the light of interest with practical 
consequences. Storage modulus master curves spanning over a wide range of frequencies were 
constructed using the time–temperature superposition109-111. The master curves reflect behavior 
in plateau and terminal region for PNCs with various NP spatial organizations and volume 
fractions (Figure 40). Reptation time, modulus of the rubbery plateau and the thermal 
dependence of zero shear rate viscosity were evaluated as representative rheological parameters. 
Reptation times of the PNCs with various NP spatial organizations are listed in Table 5, 
respectively. The dependence of reptation time on the filler volume fraction showed differences 
between various nanostructures (Figure 41A). However, the reptation time of various 
nanostructures fell onto one curve when plotted against interface area (Figure 41B). The 
obtained increase of reptation time has not only origin in the increase in the primitive path 
contour length, but also because chains must reptate through several domains of slower 
dynamics near the surface of the NPs. These experimental results are in good agreement with 
molecular modeling reports73. The internal structure of clusters was neglected in the calculation 
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of the interfacial surface and they were treated as compact entities. Since the data collapsed 
onto the same curve as the dispersion of individual NPs, it seems that the bridged chains inside 
the clusters were unable to contribute significantly to the determined macroscopic response 
within the investigated volume fraction, temperature and frequency range. 
 
Figure 40: Storage modulus master curves of PNCs with various NP spatial organizations and 
volume fractions. 
 
Figure 41: Dependence of reptation time at 190 °C on (A) volume fraction and (B) effective 
surface area of elements in PNC. 
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Chain dynamics of the rubbery plateau was retarded by the attractive NP-polymer interaction. 
Immobilized segments reached relaxation times similar to glassy segments while unaffected 
bulk dynamics exhibited unchanged dynamics with several orders magnitude longer relaxation 
times16, 128-130. The existing volume replacement continuum mechanics models74-76 for the 
composition dependence of the plateau modulus were not able to describe the dependence of 
the relative modulus on the NP volume fraction (Figure 42A). An additional segmental scale 
reinforcing mechanism characterized by the composite modulus reduced to the matrix modulus 
and appropriate continuum micromechanics model were proposed to be directly related to the 
interfacial area87. An important structural difference arisen when this reinforcing mechanism 
was related to the total interfacial area (Figure 42B). Plateau modulus of individually dispersed 
NPs tend to slightly decrease or stagnate with the increasing interfacial surface (volume 
fraction) up to about 5.106 m2/m3 (2.5 vol. %), where it becomes overwhelmed by a rapid 
growth. Clusters exhibited modulus stagnation up to 3.106 m2/m3 (2.5 vol. %) followed by 
gradual modulus increase which was more pronounced than the corresponding dispersion of 
individual NPs. As suggested by the simulation of Long, et al.131, 132, the strong increase might 
be caused by the percolation of the immobilized domains around the NPs due to the weakly 
worsening dispersion state and filler morphology. This overpowered dependence on the 
interfacial surface lead to a conclusion that NPs assembled into close-packed clusters 
experience a significant contribution of the internal structure to macroscopic properties 
originating from the highly affected bridging chains inside the clusters and also from the inter-
cluster percolation at higher volume fractions. Plateau moduli of the PNCs were reduced to the 
Guth-Smallwood model74-76 and matrix moduli were calculated by Equation 5: 











𝑁  is matrix plateau modulus, 𝐺0 𝑐
𝑁  nanocomposite plateau modulus, 𝐺𝐺−𝑆 modulus 
calculated by the Guth–Smallwood model, and vf volume fraction (Table 5). Modified matrix 
moduli were used for calculation of the number of entanglements per one chain in the PNCs 
(Equation 5). Dependence of the number of NP induced entanglements per one chain on the 
volume fraction is shown in Figure 42C and the data are listed in Table 5. The number of 
entanglements per one chain increased in all PNCs investigated suggesting that NPs act as 






Table 5: Glass transition temperature, Tg, reptation time, rept, plateau modulus, 
𝐺0
𝑁, modified matrix plateau modulus, 𝐺0 𝑚𝑎𝑡𝑟𝑖𝑥
𝑁 , number of entanglements per one chain, Nent, 
















PMMA/colloidal SiO2 with individually dispersed NPs 
0.5 vol. % 117.5      
1 vol. % 117.7 4.8 0.78 0.76 8.3 0.45 
2.5 vol. % 117.2 4.8 0.79 0.74 8.0 0.48 
5 vol. % 118.0 5.6 0.99 0.85 9.2 0.72 
7.5 vol. % 118.0 6.7 1.12 0.88 9.6 1.03 
10 vol. % 118.7      
PMMA/colloidal SiO2 with chain bound clusters 
0.5 vol. % 115.2      
1 vol. % 115.8 4.2 0.77 0.76 8.2 0.41 
2.5 vol. % 116.5 4.6 0.82 0.77 8.3 0.48 
5 vol. % 116.7 4.9 0.97 0.84 9.1 0.60 
7.5 vol. % 118.1 6.4 1.2 1 10.8 1.49 
10 vol. % 117.3      
PMMA/colloidal SiO2 with contact aggregates 
1 vol. % 114.0 3.9 0.74 0.72 7.8 0.36 
2.5 vol. % 113.6 4.1 0.79 0.74 8.0 0.43 
5 vol. % 112.9 4.4 0.81 0.70 7.6 0.50 
7.5 vol. % 116.2 5.5 1.09 0.86 9.4 0.92 




Figure 42: Dependence of plateau modulus on (A) volume fraction, (B) plateau composite 
modulus reduced to the matrix modulus and appropriate continuum micromechanics model on 
surface of elements in PNC, and (C) dependence of number of entanglements per one chain on 
volume fraction of PNCs with various NP spatial organization. 
Dependence of the viscosity on shear rate for PNCs with various NP spatial organizations and 
volume fractions is shown in Figure 43. The experimental data were fitted with the Cross model 
to evaluate the zero shear rate viscosity (Table 5). Dependence of the relative zero shear rate 
viscosity on the filler volume fraction is also shown in Figure 43. For the purpose of further 
analysis, PNCs investigated are assumed to be suspensions of particles in a high-viscosity 
continuum of polymer segments. Under this assumption, dependence of the relative zero shear 
rate viscosity on the filler volume fraction can be described by the Equation 629, 83, 84, 133, 134: 
   𝜂𝑟 0 = 1 + 2.5𝑘𝜙 + 𝑃𝜙, (6) 
where r 0 is relative zero shear rate viscosity, 2.5 is Einstein coefficient, k is the parameter that 
characterize influence of polymer adsorption on intrinsic viscosity29, 83, 84, 133, 134, and P is the 
particle interaction coefficient that characterize effect of particle interactions on the suspension 
viscosity29, 83, 84, 133, 134 (Table6).  
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Adsorption of polymer segments onto surface of particles increases their hydrodynamic size. 
This effect is more pronounced with decreasing particle size. Therefore, significant discrepancy 
characterized by the k parameter was found from Einstein coefficient of 2.5 derived for non-
interacting particles. The highest k value exhibited PNCs with individually dispersed NPs due 
to the highest effective interface area. The k value of PNCs with chain bound clusters was close 
to the value of PNCs with individually dispersed NPs. The lowest k value was found for PNCs 
with contact aggregates, but their k value still differed significantly from the Einstein 
coefficient. This effect was ascribed to the adsorption of polymer segments onto smaller 
aggregates that have still relatively large surface area. Adsorbed polymer layer thickness was 
calculated by means of Equation 7: 




− 𝑟, (7) 
where h is the thickness of the affected polymer layer, V is the element volume, k is the above 
mentioned parameter, and r is the element radius. Radii determined by image analysis of TEM 
snapshots were used (average radius of 15 nm for series of individually dispersed NPs and 
20 nm for series with chain bound clusters as their internal structure was neglected) (Table 6). 
The thickness of affected polymer layer was approximately the same for the various NPs spatial 
organizations. The obtained affected layer thickness suggests that every NP influences 
dynamics of approximately 2 coils in the direction perpendicular to the NP surface. It means 
that chain dynamics of all polymer chains is affected by NPs below the interparticle distance of 
approximately 40 nm. It corresponds to about 1 vol. % filler loading for individually dispersed 
NPs and 5 vol. % for chain bound NP clusters. The PNCs with chain bound clusters had the 
highest particle interaction coefficient due to strong adsorbed chains mediated interactions of 
particles in closely packed clusters. The lowest P value was found for PNCs with individually 
dispersed NPs because of their largest interelement distances and absence of clusters. 
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Figure 43: (A, B, C) Dependence of viscosity on shear rate of PNCs with various spatial 
organization and volume fractions fitted by the Cross model (Equation 4). (D) Dependence of 
zero shear rate viscosity on volume fraction fitted with Equation 6. 
Table 6: Fitting parameters of Equation 6 and length of affected polymer layer determined by 
Equation 7. 
PNCs k P h (nm) 
With individually 
dispersed NPs 
15 21 22 
With chain bound 
clusters 
11 497 24 
With contact agreggates 5 139  
 
Dependence of the Tg on the SiO2 volume fraction in the PMMA with various matrix 
molecular weight and tacticity is shown in Figure 44. The Tg increase in the PMMA with higher 
molecular weight matrix was about one order of magnitude smaller than for the matrix with 
smaller molecular weight. This difference cannot be attributed to the effective surface area 
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because both samples have similar dispersion state. Inverse results were expected. Further 
experiments will be performed to elucidate this peculiar results.  
 
Figure 44: dependence of Tg on volume fraction of PMMA/SiO2 PNCs with various molecular 
weight. 
Figure 45 shows dependence of reptation time and number of entanglements per one chain on 
the filler volume fraction in the PMMA/SiO2 with various matrix molecular weight and 
tacticity. Much greater increase of these properties was found in the case of higher molecular 
weight matrix. One possible reason is the stronger NP–polymer interaction of isotactic PMMA 
chains105, 106 contained in greater amount in the 500 kg/mol PMMA matrix. Another possible 
explanation could lie in the presence of bridging chains. This effect is more probable for the 
500 kg/mol PMMA matrix due to smaller interparticle distance to Rg ratio.  
 
Figure 45: (A) Dependence of reptation time and (B) number of NP induced entanglements per 
one chain on volume fraction of PMMA/SiO2 PNCs with various molecular weight and 
tacticity.  
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Table 7: Glass transition temperature, Tg, reptation time, rept, plateau modulus, 
𝐺0
𝑁, modified matrix plateau modulus, 𝐺0 𝑚𝑎𝑡𝑟𝑖𝑥
𝑁 , and number of entanglements per one chain, 














PMMA/colloidal SiO2 with 500 kg/mol matrix 
1 vol. % 122.5 102.0 1.66 1.61 87.5 
2.5 vol. % 122.6 261.8 2.328 2.17 117.6 
5 vol. % 122.7 1052.6 2,56 2.21 119.4 
 
PMMA/colloidal SiO2 was taken as the model system. This system was fully described in 
previous chapters. Strong interactions were expected due to possible polar interactions and 
hydrogen bonding55. Enhancement of the relaxation properties was ascribed to the 
immobilization of NP surrounding segments. Fumed silica has the same functional groups as 
colloidal silica. Only difference is the effective surface because PMMA/fumed SiO2 PNCs 
included 70 nm fused strings of primary particles. This reduced their effective surface 
significantly. The PMMA/1 vol. % fumed SiO2 with of NPs fitted nicely into dependence of 
Tg on the interface surface area (Figure 46A, Table 8). It confirmed the key role of 
immobilization. 
Gradual decrease of the Tg with dispersion state worsening was found in PMMA/1 vol. % 
AZO (Figure 46B, Table 8). The Tg decreased in the same manner as in PMMA/ SiO2, but 
overall increase of Tg was smaller. It confirmed weaker particle–polymer interactions between 
the AZO NPs and the PMMA chains compared to the SiO2 NPs and PMMA chains. As 
discussed in previous chapters, AZO particles have amphoteric character, therefore, they are 




Figure 46: (A) Dependence of the Tg on surface area of elements in PMMA filled with 
colloidal and/or fumed SiO2. (B) Dependence of Tg on volume fraction of PMMA colloidal 
SiO2 and PMMA/AZO PNCs. 
Table 8: Glass transition temperature, Tg, of PMMA/fumed SiO2 with individually dispersed 
fumed aggregates of primary particles and PMMA/AZO PNCs with 1 vol. % of NPs and various 




PMMA/fumed SiO2 PNC with individually dispersed fumed aggregates of primary particles 
1 vol. % 114.4 
PMMA/AZO PNC with individually dispersed NPs 
1 vol. % 115.2 
PMMA/AZO PNC with chain bond clusters 
1 vol. % 114.5 
PMMA/AZO PNC with contact aggregates 
1 vol. % 112.9 
 
Weak increase of Tg was found for the PS/1 vol. % SiO2 (Figure 47, Table 9). The Tg of the 
PS/SiO2 PNC was compared with Tg of PMMA/SiO2 PNCs prepared from the same solvent 
(THF). Both composites consist of contact NP aggregates formed by depletion attraction, but 
the PMMA/SiO2 contained also individually dispersed NPs. Greater increase of the Tg for the 
PMMA/SiO2 was caused by both higher effective interface area and stronger interactions 
between PMMA–SiO2. Only weak dipole–dipole interactions are expected in PS/SiO2. 
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Figure 47: Dependence of Tg on volume fraction of PMMA and PS colloidal SiO2 PNCs. 
Table 9: Glass transition temperature, Tg, of PMMA/colloidal SiO2 with mixture of contact 




PMMA/colloidal SiO2 with mixture of contact aggregates and individually dispersed NPs 
0.5 vol. % 115.7 
1 vol. % 117.1 
2.5 vol. % 117.5 
5 vol. % 118.0 
PS/colloidal SiO2 PNC with contact aggregates 
1 vol. % 95.1 
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5.3 Mechanical properties of polymer nanocomposites 
Added NPs alter the dynamics of the surrounding polymer matrix as described above. It can 
lead to change of stiffness, yield and post-yield behavior.  
Mechanical properties of neat matrices were measured first. Figure 48 shows tensile results of 
neat PMMA matrix measured at three temperatures of 60, 70, and 80 °C and in a range of strain 
rates spanning four orders of magnitude. The PMMA matrix showed brittle response at 60 °C. 
Mechanical response of the neat PMMA at 70 °C was characteristic by presence of two brittle 
regions at high and low strain rates. Ductile response was found in the whole strain rate range 
of the PMMA results measured at 80 °C. Yield stresses were extracted from the data and plotted 
against logarithm of strain rate. Dependence of yield stress on logarithm of strain rate showed 
that pure PMMA followed ductile flow deformation mode even when some results were 
macroscopically brittle. The dependence of yield stress on strain rate could be fitted by two 
lines with a crossover around strain rate of 10-3 s-1. PMMA is rheological complex liquid, 
therefore the two regions were obtained. Pronounced  relaxation is very close to  relaxation 
in PMMA influencing its relaxation and mechanical behavior in large experimental range 135-
144. The lower strain rate line belongs to  response and the high strain rate line is assigned to 
 +  response. Polycarbonate is rheological simple liquid because  and  relaxation are well 
separated and  relaxation is weak and located far below room temperature (≈ –100 °C)143, 145-
147. It is possible to obtain contribution of  relaxation in PC mechanical results but only at low 
temperatures and high strain rates147. Performed experiments on PC were far from this region, 
therefore no influence of  relaxation on PC data is assumed. Results of Young modulus and 
yield stress of investigated matrices measured in tension at temperature of Tg – 35 °C and strain 
rate of 10-2 s-1 are shown in Table 10. 
Table 10: Young modulus and yield stress of investigated matrices measured in tension at 







100 kg/mol PMMA 1.4 31.0 
500 kg/mol PMMA 1.5 31.5 




Figure 48: Tensile curves of 100 kg/mol PMMA measured at (A) 60 °C, (B) 70 °C, (C) 80 °C 
and various strain rates, respectively. (D) Dependence of yield stress on strain rate for various 
temperatures fitted by Ree-Eyring equation142, 148-150. 
Long term mechanical behavior of the neat PMMA matrix was investigated by creep 
measurements. Creep curves and dependence of stress on time to failure the PMMA matrix are 
displayed in Figure 49. Creep curves with presence of all three regimes of creep response and 
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Figure 49: (A) Creep curves of 100 kg/mol PMMA measured at 80°C and various stresses and 
(B) dependence of stress on time to failure of 100 kg/mol PMMA at 70 and 80 °C. 
Considering a different deformation of the polymer chains in bulk matrix, in the vicinity of NPs, 
and in the inner structure of clusters, PNCs can exhibit a complex macroscopic response 
consisting of these contributions. Mechanical properties of PMMA/SiO2, exhibiting the three 
different nanostructures were investigated (Figure 50). All samples showed ductile deformation 
response at 80 °C. The crossover between  and  +  regime remained localized near the strain 
rate of 10-3 s-1. PNCs with individual NPs exhibited the most pronounced increase of the yield 
stress, aggregates the lowest, and clusters lied between them. Moreover, slopes of yield stress-
strain rate dependence and related activation volumes did not change compared to the neat 
PMMA. Quite different situation was found at 60°C, Figure 51. While the neat PMMA was 
macroscopically brittle, it still followed the ductile yielding regime whereas embrittlement of 
PNCs with aggregates was so extensive that they did not follow ductile yielding regime. PNCs 
with clusters followed ductile yielding with different slope of yield stress–strain rate 
dependence compared to the neat PMMA. Moreover, the response was macroscopically ductile 
at certain strain rates, possibly due to the hierarchical nature of clusters. Clusters can represent 
structured inclusions yielding hierarchical composite endowing both intrinsic and extrinsic 
deformation processes to become active. 
70 






1 vol. % PMMA/SiO
2
















































1 vol. % PMMA/SiO
2








































80 °C Increasing strain rate
B






1 vol. % PMMA/SiO
2






























































 PNCs with individually dispersed NPs
 PNCs with chain bound clusters




















Figure 50: (A, B,C) Tensile curves of 1 vol. % PMMA/SiO2 PNCs with various nanostructures 
at 80 °C and various strain rates and (D) their yield stress–strain rate dependence compared 
with neat PMMA matrix. 
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Figure 51: (A, B, C) Tensile curves of 1 vol. % PMMA/SiO2 PNCs with various nanostructures 
at 60 °C and various strain rates and (D) their yield stress–strain rate dependence compared 
with neat PMMA matrix. 
Dependence of the yield stress on the strain rate for the PMMA with 2.5 and 5 vol. % NPs is 
shown in Figure 52A and B, respectively. Differences between the various NP spatial 
organizations were less pronounced that at 1 vol. % and the position of the crossover between 
 and  +  regime has not changed. However, at 5 vol. % NPs, PNCs with contact NP 
aggregates became brittle at strain rates above 10-3 s-1 and strain rate dependence of yield stress 
failed to follow the ductile yielding regime at higher strain rates. Origin of this behavior lies 
probably in presence of sub-micro contact aggregates that could act as crack promoters due to 
weak particle-particle interactions. Strain rate dependence of the yield stress for 
PMMA/5 vol. % SiO2 with individually dispersed NPs was locked in the a+ regime in the 
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Figure 52: Dependence of yield stress on strain rate of PNCs with various NP spatial 
organizations and volume fraction of (A) 2.5 and (B) 5 vol. % measured in tension at 80 °C, 
respectively. 
Dependence of the yield stress on the NP volume fraction for PNCs with various NP spatial 
organizations is shown in Figure 53. Basically, there are three types of the composition 
dependences of the yield stress for composites. Firstly, a decrease of yield stress was reported 
in systems with no adhesion due to the absent load transfer to the filler and the total load being 
carried only by the matrix. Yield stress then depends on the load bearing cross-section that is 
reduced by the filler particles. The yield stress of composite with no adhesion can be described 
by the modified91 Nicolais–Narkis model151, 152: 




where yc is the composite yield stress, ym the matrix yield stress,  the volume fraction, and 
2.5 comes from geometric arrangement of spheres in the cross-section area92. Secondly, no 
change of the yield stress is expected for the composites with perfect adhesion and small surface 
area or no specific interaction that could change the matrix properties. Thirdly, the increase of 
the composite yield stress with increasing filler volume fraction was described by Pukanszky91-
94. It was found that incorporation of fillers with large surface and good interaction with matrix 
can modify mechanical properties of the surrounding matrix. This effect is described by the B 
parameter in the Pukanszky model91-94: 
  𝜎𝑦𝑐 = 𝜎𝑦𝑚
1−𝜑
1+2.5𝜑
exp (𝐵𝜑), (9) 
The B parameter depends on the filler interfacial area, strength of particle–polymer interactions, 
and thickness of the influenced matrix. The nanocomposite yield stress was found to increase 
compared to the neat matrix in all PNCs investigated with the only exception of 5 vol. % PNC 
with contact aggregates which supports the presence of attractive interactions in nanosilica–
PMMA assumed earlier. The strongest enhancement of the yield stress was found for PNCs 
with individually dispersed NPs due to the highest effective surface area. Yield stress stagnation 
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between 1 and 5 vol. % of NPs can be explained by gradual aggregation – a decrease of the 
effective surface area as suggested by Dorigato et.al90. However, similar situation was found 
for a clustered system, where no aggregation was observed. A possible explanation could be a 
saturation – majority of chains are influenced by NPs even at low filler volume fraction; 
therefore, no further increase of the yield stress was found. Quite different behavior was found 
for PNCs with contact aggregates. Dependence of the yield stress on the filler volume fraction 
of PNCs with contact aggregates can be fitted with the Pukanszky model up to 2.5 vol. % with 
interaction parameter B = 8. Further increase of volume fraction led to a sharp decrease of the 
yield stress. Extensive aggregation caused the presence of critical defects; therefore 5 vol. % 
PNC with contact aggregates had macroscopically brittle response and its yield stress fitted well 
to the modified Nicolais–Narkis model. 
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Figure 53: Dependence of yield stress on volume fraction of PNCs with various NP spatial 
organizations at 80°C and strain rate of 10-2 s-1. Solid line shows the modified Nikolais Narkis 
model92, 151. Dash lines shows the Pukanszky model92 with various values of interaction 
parameter B. 
Significant enhancement of elastic modulus was found near the glass transition. In the glassy 
state, relaxation time difference between the affected and bulk chains is not as pronounced as 
in the rubbery state16, but the affected chains could exhibit a different path through the 
vitrification process during cooling, resulting in a different position on the energy landscape68. 
The dependence of the elastic modulus behaved similarly to the above discussed plateau 
modulus. The existing volume replacement continuum mechanics models153-155 for the 
composition dependence of the elastic modulus were not able to describe the dependence of the 
relative modulus on the NP volume fraction (Figure 54A). An additional segmental scale 
reinforcing mechanism characterized by the composite modulus reduced to the matrix modulus 
and appropriate continuum micromechanics model were proposed to be directly related to the 
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interfacial area87. An important structural difference was found when this reinforcing 
mechanism was related to the total interfacial area (Figure 54B). The initial increase of the 
elastic modulus at low concentrations was much more pronounced for individually dispersed 
NPs compared to chain bound clusters. The elastic modulus of individually dispersed NPs tend 
to slightly decrease or stagnate with the increasing interfacial surface (volume fraction) up to 
about 107 m2/m3 (5 vol. %), where it becomes overpowered by a rapid growth. Clusters 
exhibited modulus stagnation up to 3.106 m2/m3 (2.5 vol. %) followed by gradual modulus 
increase. As suggested by the simulation of Long, et al.131, 132, the strong increase might be 
caused by the percolation of the immobilized domains around the NPs due to the weakly 
worsening dispersion state and filler morphology. This overwhelmed dependence on the 
interfacial surface lead to a conclusion that NPs assembled into close-packed clusters 
experience a significant contribution of the internal structure to macroscopic properties 
originating from the highly affected bridging chains inside the clusters and also from the inter-
cluster percolation at higher volume fractions. 
 
Figure 54: Dependence of relative elastic modulus on (A) volume fraction and (B) elastic 
composite modulus reduced to the matrix modulus and appropriate continuum micromechanics 
model on surface of elements in PNC with various NP spatial organization measured in tension 
at temperature of 80 °C and strain rate of 10-2 s-1. 
Good durability performance is a critical parameter of a high-end material design. Long-term 
mechanical response was investigated on various nanocomposites156-159; nevertheless, the 
fundamental effect of the NP organization has still been missing. Therefore, long-term creep 
behavior of 1 vol. % PNCs were compared with neat PMMA matrix, Figure 55. Different long-
term response was found for different NP spatial organizations. PNCs with individually 
dispersed NPs showed a shift of more than one order of magnitude to longer failure times with 
the same slope of the dependence as for the neat PMMA, while PNCs with clusters and 
aggregates were shifted to shorter times and steeper slope suggesting a different mechanism of 
the long-term response for different NP spatial organizations.  
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Figure 55: Dependence of time to failure on load of neat PMMA matrix and PNCs with various 
NP spatial organizations measured in tensile creep at 80 °C. 
Neat PMMA and PMMA/5 vol. % SiO2 with individually dispersed NPs were measured in 
compression at true stress–true strain conditions to investigate the effect of NPs on the intrinsic 
deformation behavior. Deformation curves and strain rate dependence of the yield stress, lower 
yield stress, yield drop, and strain hardening modulus are shown in Figure 56. The crossover 
between  and  +  regime was observed near the strain rate of 10-3 s-1 for both the neat PMMA 
and the 5 vol. % PNC with individually dispersed NPs. Both the upper and the lower yield stress 
of PMMA/5 vol. % SiO2 were enhanced compared to the neat PMMA. The yield stress 
enhancement was caused by NP altered chain packing and dynamics. Strain softening 
responsible for localization phenomena in polymer glasses143, 160-162 can be characterized by the 
yield drop – difference between upper and lower yield stress. Three different yield drop regions 
can be find in complex polymer liquids dependent on strain rate and temperature variation of  
and  processes of the upper and the lower yield dependences143. The yield drop of the neat 
PMMA and the PMMA/5 vol. % SiO2 increased with strain rate in the measured region. It 
suggests that II region controls the response, where the upper yield stress is governed by the 
both  and  processes, whereas the lower yield stress is only controlled by the  process. The 
region II with non-constant strain rate dependence of the yield drop lies between I and II regimes 
with constant strain rate dependence. Upper and lower yield stresses are controlled with the 
same  or  +  processes in these regions143.  The yield drop of the 5 vol. % PNC differed 
slightly from the neat PMMA. Smaller yield drop of PNC could be caused by the enhanced 
liquid like disorder and packing frustration of NP affected polymer matrix89. It could 
significantly alter the density fluctuations in PNCs, which are responsible for the yielding 
response according to the polymer nonlinear Langevin equation (PNLE) model163-166. 
Enhancement of the strain hardening modulus of 5 vol. % PNC compared to the neat PMMA 
was significant. The enhancement of the yield stresses and the strain hardening modulus is 
related to the increase of energy required to activate the rearrangement of polymer segments 
that were influenced by NPs. 
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Figure 56: Dependence of true stress on true strain of (A) neat PMMA matrix and (B) PNCs 
with individually dispersed NPs with volume fraction of 5 vol. % measured in compression at 
80°C and various strain rates. Dependence of (C) upper and (D) lower yield stress, (E) yield 
drop, and (F) strain hardening modulus on strain rate of neat PMMA matrix and PNCs with 
individually dispersed NPs with volume fraction of 5 vol. % measured in compression at 80°C. 
The dependence of the yield stress on the strain rate of the PMMA matrix and the 5 vol. % PNC 
with individually dispersed NPs measured at various temperatures was fitted with the Ree-
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Eyring equation142, 148-150 (Figure 57). The Ree-Eyring model142, 148-150 was developed to 
describe thermally activated processes with more contributions: 





















where k is the Boltzmann constant, T the temperature, V* the activation volume,  the pre-
exponential factor dependent on the thermomechanical history, 𝜀̇ the strain rate, U the 
activation energy, and R the universal gas constant. Activation volumes and energies calculated 
from the Ree-Eyring equation are listed in Table M2. The determined activation volumes and 
energies for the neat PMMA are in good accordance with the literature88, 89, 142, 143, 150. Results 
obtained showed the different influence of NPs on the  and  process. Whereas the more local 
 process seems to be unchanged by NPs, the more cooperative  process exhibited an increase 
of both the activation volume and energy. It suggests that NPs affect preferably or in greater 
amount the chain dynamic at longer time and length scales. It could lead to a conclusion that 
the frustrated layer between the immobilized and bulk chains has a greater impact on the large 
strain deformation behavior than the immobilized layer at interface. The results are in good 
accordance with the literature88 which confirm the pronounced effect of polymer–NP 
interactions on the  process involving the entire backbone chain compared to the  process 
presumably involving only few segments135, 136, 139-141, 167. 
  
Figure 57: Dependence of yield stress on strain rate fitted by Ree-Eyring equation of (A) neat 
PMMA matrix and (B) 5 vol. % PNCs with individually dispersed NPs. 
Table 11: Activation volumes and energies of pure PMMA matrix and 5 vol. % PNCs with 













PMMA 1.71 334 1.70.1042 1.06 93.9 1.49.1012 
5 vol. % PNC 
with individual 
NPs 
2.03 395 5.61.1049 1.07 91.2 2.47.1011 
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The dependence of the relative composite modulus on the filler volume fraction was similar for 
both of the investigated molecular weights (Figure 58A) while more enhanced yield stresses 
were found for PNCs with the higher molecular weight (Figure 58B). It suggests that higher 
molecular weight and different tacticity had a minor influence on the nanocomposite stiffness 
while the yielding process was more affected. A single B parameter of the Pukanszky model 
cannot describe the increase of the yield stress with increasing filler volume fraction suggesting 
a worsening dispersion state or saturation. In the case of the higher molecular weight, the less 
pronounced decrease of the B parameter suggested stronger interactions or better dispersion 
state durability. 
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Figure 58: Volume fraction dependence of (A) relative composite modulus and (B) yield stress 
of PMMA/SiO2 PNCs with two various molecular weights. 
Significant relative modulus enhancement of PMMA/AZO PNCs against the volume 
replacement continuum mechanics models74-76, 153-155 was found similarly with PMMA/SiO2 
PNCs (Figure 59A). The nanostructure dependent trend of enhanced properties with improved 
dispersion state was maintained also in PMMA/AZO system. Difference of relative modulus 
was significant between SiO2 and AZO NPs filled PNCs with individually dispersed NPs, but 
other dispersion states had almost identical values of relative modulus. The difference in 
mechanical properties between PMMA SiO2 and AZO NPs was caused by the different 
interaction strength between used NPs and matrix. Relative moduli of PMMA and PC filled by 
colloidal nanosilica organized into mixture of contact aggregates and individually dispersed 
NPs were compared (Figure 59B). The enhancement of the relative modulus was less 
pronounced for PC compared to PMMA matrix due to the weaker NP–polymer interaction 
strength. Although PC–SiO2 interactions were weaker than PMMA–SiO2, they still sufficed to 
induce a significant immobilization that changed the molecular packing and dynamics of the 
NP-surrounding matrix and cause the volume replacement continuum models74-76, 153-155 unable 
to describe the dependence of the relative modulus on the filler volume fraction.  
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Figure 59: Dependence of relative modulus on volume fraction of (A) PMMA SiO2 and AZO 
PNCs at 80 °C and (B) PMMA and PC SiO2 PNCs at Tg – 35 °C. 
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5.4 Correlation between relaxation and mechanical properties 
The enhancement of the yield stress by NPs introduced into the polymer matrix was reported in 
previous chapters (Figure 60A). The yield stress was reduced to the distance from the glass 
transition temperature (Tg – T) to further investigate this phenomenon (Figure 60B). It was 
found that the strain rate dependence of the reduced yield stress of the neat PMMA matrix and 
PNCs converged into a single curve. It suggests that the distance from the glass transition 
distance controls the investigated yield behavior. Chains were further from its Tg in PNC than 
in PMMA matrix, occupying a different location in energy landscape, when measured at a single 
temperature. NPs significantly altered the packing and dynamics of the surrounding chains 
compared to the bulk. A similar effect of NPs on the glass transition temperature and yield stress 
showed that the dynamics responsible for the vitrification process is crucial also in the yielding 




















































































Figure 60: Dependence of (A) yield stress and (B) yield stress reduced to distance from glass 
transition temperature on strain rate of PMMA matrix and 5 vol. % PMMA/SiO2 PNCs with 
individually dispersed NPs measured in compression at 80 °C. 
The pronounced increase of the strain hardening modulus of PNCs with individually dispersed 
NPs compared to the neat PMMA matrix was also reported in previous chapters (Figure 61A). 
Strain hardening modulus was reduced to the distance from the glass transition (Tg – T) 
similarly as in the previous case, but no convergence of the PNC and the matrix strain rate 
dependence was found (Figure 61B). It means that the dynamics at strain hardening regime is 
not similar with the local segmental dynamics responsible for glass transition. The strain 
hardening modulus was also reduced to the number of entanglements per one chain 
(Figure 61C) which caused the PNC and the neat matrix data converged into a single curve. 
NPs act as entanglements attractors altering the polymer dynamics in plateau region. The results 
suggests that the dynamics responsible for the strain hardening response lies in the same time 











































































































































Figure 61: Dependence of (A) strain hardening modulus, (B) strain hardening modulus reduced 
to distance from glass transition, and (C) strain hardening modulus reduced to number of 
entanglements per one chain on strain rate of neat PMMA matrix and 5 vol. % PMMA/SiO2 
PNCs with individually dispersed NPs measured in compression at 80 °C. 
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6. Conclusions 
Nanostructure control, relaxation and mechanical properties of nanocomposites with polymer 
glass matrix and ceramic nanoparticles were investigated. A deep investigation was performed 
on PMMA/SiO2 model system and subsequently broadened to systems with another matrices 
and NPs to generalize the obtained results. First, a method enabling to control the NPs spatial 
organization was devised. Subsequently, properties of polymer nanocomposites with governed 
dispersion state were investigated. Relaxational and mechanical properties of PNCs with 
precisely determined nanostructure were determined to provide valuable data characterizing 
this promising class of materials. Furthermore, NPs were utilized as probes that affect molecular 
packing and dynamics of polymer chains. The determined relaxational and mechanical 
properties were linked to provide information about the molecular processes behind 
deformation response of polymer glasses and their nanocomposites. 
Polymer nanocomposites with controlled NP dispersion state were prepared by solution 
blending technique with fast solvent evaporation. Individually dispersed NPs, chain bound 
clusters, contact aggregates and mixture of individually dispersed NPs and contact aggregates 
were identified by TEM and USAXS techniques.  Solvent–particle interactions were suggested 
as the dominant structure governing factor among the complex interplay of particle–polymer–
solvent interactions at investigated conditions. The solvent–particle interaction strength was 
quantified by Drago´s donor-acceptor interaction enthalpy56-61. Matrix and solvent had basic 
character and particle surface functional groups had acidic character. Influence of NP volume 
fraction on NP dispersion was also investigated. Worsening of dispersion state of individually 
dispersed NPs was found with increasing volume fraction of NPs due to shortening of the 
interparticle distance – increase of the particle–particle attractive interaction strength. Phase 
diagram of acid-base interaction enthalpy dependence on the volume fraction were constructed 
for the PMMA/SiO2 model system. Only narrow window for achievement of individually 
dispersed NPs was found. It was found that the two observed cases of contact aggregates has 
different origin. The aggregates prepared from a solvent with the highest acid-base interaction 
enthalpy had the origin in a depletion attraction and thermodynamic character while the 
aggregates prepared from a solvent with the lowest acid-base interaction enthalpy were formed 
due to an insufficient solvation of NPs by the solvent and had kinetic character. 
Higher molecular weight and change of tacticity improved the dispersion state due to better 
steric stabilization51 of longer chains and stronger adsorption of iso form of PMMA onto silica 
surface105, 106. Influence of NP–polymer and NP–NP interactions on final dispersion state was 
investigated on PNCs with various composition. Influence of various NPs was investigated in 
PNC with PMMA matrix. It was found that the dispersion state of NPs worsened in the order 
SiO2, AZO, and Fe2O3 due to the increase of NP–NP interaction strength and decrease of NP–
polymer interaction strength. Attractive NP–polymer interactions were mediated by acid–base 
interactions between acidic NP surface groups and basic PMMA functional groups. Therefore 
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strength of NP–polymer interactions decreased with the strengthening acidic character of NPs. 
These results suggest that the NP–polymer interaction strength decreases in the order PMMA, 
PC, and PS due to the weakening of the polymer´s basic character. 
A precise NP spatial organization control brought unique opportunity to study the influence of 
the PNC nanostructure on the relaxational and mechanical properties independently of the 
system chemical composition – NP–polymer interaction strength. Systems with individually 
dispersed NPs enhanced the investigated properties the most followed by systems with chain 
bound clusters and systems with contact aggregates influenced the properties the least with 
some exceptions discussed later. Structure-independent correlation between glass transition 
temperature, reptation time, elastic modulus of PNCs and interfacial area was found. It was 
found that NPs significantly influence chain behavior in plateau region increasing number of 
entanglements per chain and therefore act as entanglement attractors. The existing volume 
replacement continuum mechanics models74-76, 153-155 for the composition dependence of the 
elastic and plateau modulus were unable to describe the dependence of the relative modulus on 
the NP volume fraction. It is a clear evidence for bringing another segment scale reinforcing 
mechanism into consideration. The results support the immobilization concept, where adsorbed 
layer of polymer segments on NP surface and the surrounding frustrated layer of polymer chains 
are assumed. The adsorption of polymer segments onto the particle surface increased their 
hydrodynamic size that influenced the viscosity of PNCs melts. The adsorption coefficient was 
found to be the highest in PNCs with individually dispersed NPs and the lowest in PNCs with 
contact aggregates due to the effective surface area. PNCs with chain bound clusters showed 
the highest particle interaction coefficient due to strong interactions of particles in closely 
packed clusters mediated by the adsorbed chains. Although PNCs with individually dispersed 
NPs showed the most pronounced increase of the yield stress in the ductile flow controlled 
regime, the macroscopically ductile response broadened to lower temperatures and over larger 
range of strain rates in PNCs with chain bound clusters due to their hierarchical nature. 
Structure-related differences were found in long term mechanical properties.  Structure-related 
differences were also found in the long term mechanical properties such that PNCs with 
individually dispersed NPs, in contrast with the other NP organizations, significantly improved 
the time to failure compared to the neat PMMA matrix. 
Greater enhancement of reptation time and plateau modulus was determined for PMMA/SiO2 
PNCs with 500 kg/mol compared to 100 kg/mol matrix. Pronounced NP influence on relaxation 
properties of 500 kg/mol PNCs in terminal zone was probably caused by stronger adsorption of 
isotactic PMMA chains105, 106 contained in greater amount in 500 kg/mol PMMA matrix. Also, 
larger frustrated layer is expected due to more preferable interparticle distance to polymer coil 
ratio. Therefore, more entanglements were induced by NPs and chain reptation was significantly 
slowed down because more chains had to pass through more and larger areas with affected 
dynamics. Minor influence of molecular weight and tacticity on stiffness was found while 
pronounced increase of yield stress was found for PNCs with 500 kg/mol PMMA. It suggest 
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stronger influence of the molecular weight and tacticity on the processes operating at longer 
time scale. 
The greatest enhancement of properties was found for PMMA/SiO2 system, where moderate-
strong interaction are expected due to polar interactions and possible hydrogen bonding. PMMA 
acts as Lewis base due to its ester side groups. Silica, on the other hand, acts as Lewis acid due 
to silanol groups onto its surface. The properties were less influenced in the case of AZO NPs 
due to less acidic character of their surface. Only weak dipole–dipole interactions are expected 
in PS/SiO2 PNCs in contrast with PMMA/SiO2 PNCs, therefore only small influence on final 
properties was found in PS based PNCs. Properties of PC/SiO2 PNCs were less enhanced than 
PMMA/SiO2 PNCs due to weaker NP–polymer interaction strength. 
Different influence of NPs on  and  processes of yielding was found. The more local  
process was almost unchanged. Increase of activation volume and energy of the cooperative  
process was found. It means that NPs affect preferably or in greater amount the chain dynamic 
at longer time and length scales. It led to a conclusion that frustrated layer between the 
immobilized segments and bulk chains has a greater impact on the large strain deformation 
behavior than surface immobilized layer. Polymer–NP interactions had stronger effect on  
process involving the entire backbone compared to  process presumably involving only few 
segments. 
Correlation between relaxational and mechanical properties of PNCs was investigated. It was 
found that the strain rate dependence of neat PMMA matrix and PNCs converges into a single 
curve when reduced to the distance from the glass transition temperature. PNC samples were 
further from its glass transition, occupying a different location in energy landscape, than the 
neat PMMA matrix when measured at the same temperature. NPs significantly alter packing 
and dynamics of surrounding chains from the bulk state. A correlation of glass transition 
temperature and yield stress enhancement showed that the dynamics these processes operate at 
the same length and time scale. Strain hardening modulus did not correlate with glass transition. 
It means that dynamics at strain hardening regime is not similar with the local segmental 
dynamics. Strain hardening modulus was reduced to the number of entanglements per one 
chain. The PNC and the matrix data converged into a single curve. NPs act as entanglements 
attractors altering polymer dynamics in the plateau region. The results suggest that the dynamics 
responsible for the strain hardening response lies in the same time and length scale as the 
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